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Themicrostructure developed during severe plastic deformation results in improvedmechanical properties
because of the decrease in domain sizes and accumulation of defects, mainly dislocation arrays. The
characteristic deformation stages observed in low stacking fault energy (SFE) face centered cubic (FCC)
materials are highly influenced by the development of the primary and secondary twinning that compete
with dislocation glide. In this paper, a low SFE F138 stainless steel is deformed by equal channel angular
pressing (ECAP) up to 4 passes at room temperature (RT) and at 300 °C to compare the grain refinement
and twin boundary development with increasing deformation. Tensile tests were performed to determine
the deformation stages reached by the material before and after ECAP deformation, and the resulting
microstructure was observed by TEM. X-ray diffraction and EBSD, average technique the first and
local the second one, were used to quantify the microstructural changes, allowing the determination of
diffraction domain sizes, dislocation and stacking fault densities and misorientation indices, which lead
to a complete analysis of the deformation introduced in the material, with comparative correlations
between various microstructural parameters.

© 2015 Elsevier Inc. All rights reserved.
1. Introduction

Bulk nanostructured materials, with improved mechanical proper-
ties, can be produced by introducing very large deformations at high
strain rates through severe plastic deformation (SPD) techniques [1].
The conventional material deformation processes can also introduce
large plastic strains, but with the consequence of changing the sample
dimensions in undesirable ratios, which limits both the level of
deformation that can be achieved and the industrial application of the
deformed material; however, the SPD techniques preserve at least
some of the sample dimensions, allowing to repeat the deformation
process several times, increasing the deformation level and favoring
grain refinement.

In FCC metals with low SFE, like Cu–Zn and Cu–Al alloys,
austenitic stainless steel and silver, twinning becomes also a de-
formation mechanism allowing to achieve ultra-fine grain struc-
tures by means of SPD, and promoting a Hall–Petch effect during
strain hardening. Asgari et al. [2] and El-Danaf et al. [3] reported
that low SFE FCC metals exhibit four distinct strain-hardening
stages in simple compression tests. They correlated different
e Vincentis).
strain hardening rates with the activation of different deformation
mechanisms:

• stage A, similar to deformation stage III, correlated with multiple
dislocation slip;

• stage B, correlated with the initiation of twinning deformation
after an accumulation of certain critical dislocation density. For
materials with SFE varying from 7 to 14 mJ/m2 this stage corresponds
to a (σw − σ0/G) ~ 0.003, (σ0 is the yielding stress and σw the stress
to twin initiation) and a constant strain-hardening rate at about 0.02
to 0.03 G;

• stage C, correlated with a decreasing rate of primary twinning and a
strong competition between twining and slip; and

• stage D, reflecting the accumulation of sufficient stress allowing the
activation of secondary twin for shearing pre-existing twins. It is
characterized by the presence of extensive twin intersections. For
different low SFE materials this occurs at a strain-hardening rate of
about 0.007 to 0.001 G (larger than the typical stage IV exhibited by
medium and high SFE cubic metals). The value of SFE had only a neg-
ligible influence on the stress required to produce twin intersections.
They also observed that the twin initiationwas shifted to higher stress
valueswhen the grain size decreased, andwas suppressedwhen grain
size was reduced from 40 to 9 μm. Similar results were obtained
by Ueji et al. [4] and Gutierrez-Urrutia et al. [5] in TWIP steels.

http://crossmark.crossref.org/dialog/?doi=10.1016/j.matchar.2015.06.035&domain=pdf
http://dx.doi.org/10.1016/j.matchar.2015.06.035
mailto:devincentis@ifir-conicet.gov.ar
http://dx.doi.org/10.1016/j.matchar.2015.06.035
http://www.sciencedirect.com/science/journal/10445803
www.elsevier.com/locate/matchar


99N.S. De Vincentis et al. / Materials Characterization 107 (2015) 98–111
They observed that twinning was more difficult to activate when
grain size was reduced to 3–2 μm and that, as grain size was reduced,
the influence of the resolved shear stress increased. Bagherpour et al.
[6,7] studied TWIP steel samples deformed by ECAP and SSE (simple
shear extrusion), observing in the latter case an increase in twin
density with higher cumulative strain, and a submicron grain size.

Composition, temperature and strain rate have great influence on the
deformationmechanisms because they influence the SFE, the flow stress
and the dislocation annihilation rate. Rising the temperature increases
the SFE and twin formation is inhibited [8,9]. For example H. Ueno
et al. [10] observed the deformationmicrostructure of an ECAP deformed
SUS 316L austenitic stainless steel: twins were formed until 150 °C and
above 200 °C only dislocation glide was observed. For Cu and Cu–Al al-
loys, Y. Zhang et al. [11] observed that at RT the influence of Al content
in decreasing the stacking fault energywas evidently changing the defor-
mation mechanism from dislocation glide to twinning at a SFE below
45mJ/m2;whereas at liquid nitrogen temperature and high deformation
rates, independently of Al content, the active deformation mechanism
was always twinning.When twinning is active, the initial grain is divided
in twin lamellae, and further fragmentation occurs either by formation of
dislocation cells inside the lamellae or by formation of shear bands and
twin intersection with resulting grain size of the same order of the
twin lamellae thickness. Similar behavior was also observed in TWIP
steels deformed at different temperatures; Timokhina et al. [12] per-
formed ECAP deformation at 200 °C, 300 °C and 400 °C up to 4 cycles
and observed twins after each stage (micro and nano-twins) except for
1 cycle at 400 °C, and the differentmicrostructural characteristics obtain-
ed at different deformation degrees affected both the strain-hardening
behavior and the mechanical properties.

The F138 alloy is a modified 316L austenitic stainless steel with 14%
Ni, 17% Cr and 2.8% Mo and has an estimated SFE of 32 mJ/m2 at RT. Its
deformation behavior at RT corresponds to the features described
above. Scheriau et al. [13] observed that at the initial stage of severe
plastic shear deformation the microstructure is characterized mainly
by two deformation modes: mechanical twinning and submicron-
scaled shear banding. The former leads to profuse mechanical twins
with 10 to 20 nm in thickness and the latter divides the material into
a debris-like structure leading to micron-sized blocks of Twin-Matrix
(TM) lamellae. For very large strains by high pressure torsion, the initial
coarse structural elements were transformed in a very homogeneous
nanocrystalline microstructure. In some regions of the microstructure
a pronounced curvature of the TM lamellae was observed which was
attributed to the alignment via simple rotation of the lamellae parallel
to the deformation direction; it was assumed that the just developed
TM lamellae would be gradually fragmented into small structures
with further deformation. Similar conclusions were presented by Liu
et al. [14] in 316L steel deformed by dynamic plastic deformation,
where the resulting structure consisted in austenitic micro-grains
embedded in nano-twin bundles; this microstructure conferred the
steel a yield strength almost five times larger than the corresponding
value for the as-received coarse-grained structure.

The present paper aims to characterize the microstructure of an
austenitic stainless steel with low SFE at increasing VonMises deforma-
tion and at two different temperatures. For this characterization to
be complete it is necessary to gather information at different scales,
combining bulk microstructural properties with local misorientation
information. For the former analysis, X-ray diffraction (XRD) was
considered the most suitable technique because it provides average
values of the microstructural characteristics that represent the full
bulk sample [15,16]. Electron backscatter diffraction (EBSD) [17] was
used for the latter analysis, because it does not only allow to observe
the resulting microstructure after the deformation process but also
reports the orientation of each grain or subgrain and themisorientation
between them. TEM images were also obtained in order to observe the
features requiring higher resolution.
2. Methods of deformation analysis

2.1. Electron backscatter diffraction (EBSD)

For the local analysis, EBSD provides orientation and misorientation
information in addition to grain size distribution and topology. This
technique consists in scanning an area on the surface of a material, cap-
turing and identifying point-by-point the corresponding Kikuchi pat-
terns, which contain information on the crystallographic orientation of
that point. TheOrientation ImagingMicroscopy (OIM-EDAX®) software
also allows the calculation of misorientations between pairs of neigh-
boring points, either in the same kernel or grain, as amean to character-
ize the deformation level of the grains; it also allows to quantify borders
of high-angle and low-angle misorientations and CSL, the average mis-
orientation in a specified kernel or grain, or to estimate the size and
shape of crystallographic domains, among other applications. The only
dislocationswhose presence themethod can so far infer are the ones ar-
ranged into misorientation boundaries, because in that condition they
cause a curvature large enough (N0.5°) in the crystallographic net. The
derived quantities used to characterize this situation give extra informa-
tion on the dislocation distributions and subcells, complementing the
information gathered using XRD and ensuring a deeper knowledge on
the micro-nano structure developed by deformation.

2.2. X-ray diffraction

XRD analysis allows the evaluation of microstructural changes in a
material by certain characteristics of the diffraction peaks: residual
stresses affect their position, preferential orientations modify their in-
tensity, and deformation affects peak broadening. Micromechanical
models have been developed to estimate the correlation between
peak broadening and average microstructural characteristics of a mate-
rial, some of which are more prone to be used either for qualitative or
quantitative analyses. Following Scherrer [18], one of the first devel-
oped models was the Williamson–Hall (W–H) method [19], which
allowed to estimate the average diffraction domain size and
microstrains; this model was later modified to include stacking fault in-
fluence in the determination of an effective domain size byWarren [20]
and, more recently, to estimate the dislocation density and low angle
boundaries by Ungár [15,16,21,22]. The latter modifications require
the introduction of a dislocation contrast factor, which depends on the
relative orientation of the burgers and line vectors of the dislocations
and the diffraction vector, and on the dislocation character (edge or
screw). This contrast factors have been calculated for hexagonal [23]
and cubic [22] materials containing pure edge or pure screw disloca-
tions. The relationship between peak broadening and deformation ac-
cording to the Modified Williamson–Hall method is presented in
Eq. (1), where θ, λ and b are the Bragg angle, the radiation wave length
and the Burgers vector, respectively. The term βWhkl represents the
stacking fault contribution to line broadening: β is the stacking fault
density and Whkl are the Warren constants. The domain size contribu-
tion to peak broadening is 1/d, where d is proportional to the volume
weighted domain size, and it is independent of hkl. The quadratic term
on 2sin(θ)/λ is the strain term, where M is a constant proportional to
the effective outer cut-off radius of dislocations, ρ is the dislocation den-
sity and CAv is the average contrast factor of dislocations.

Breadth cos θð Þ=λ – βWhkl ¼ 1=d

þ πM2b2
=2

� �
ρ1=2CAv;hkl 2 sin θð Þ=λð Þ2: ð1Þ

In the past few years another method was developed by Ungár and
Ribárik tomodelmicrostructure development bywhole powder pattern
fitting; the Convolutional Multiple Whole Profile (CMWP) method
creates a pattern based on initial microstructural parameters to fit the
model to the experimental pattern [24]. The results obtained through



Table 1
Composition of F138 stainless steel [%] (as given by the manufacturer).

Fe Cr Ni Mo Mn Si Cu N C P S

17.33 14.31 2.79 1.79 0.3 0.09 0.079 0.015 0.022 0.002
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this method are considered to be more reliable for a quantitative analy-
sis than the ones obtained using W–H equation, what is related to the
assumptions made in line breadth methods (such as W–H and W–A),
such as the Voigt or pseudoVoigt character of the size and strain diffrac-
tion profiles, or the validity of the assumptions that size, strain and
stacking fault contributions to line breadth are simply additive [25].
Under those considerations, breadth methods are still accepted for a
qualitative analysis.

By the CMWP procedure the theoretically calculated profile
functions are convoluted for Domain Size (IDS), Strain (IS), Stacking
Faults and/or Twins (IT) and Instrumental broadening (IInst), together
with a BackGround fitting (IBG) [26,27]. The experimental diffraction
pattern (IExp) is modeled through a Levenberg–Marquardt least-
squares algorithm as:

IExp ¼ IDS ∗ IS ∗ IT ∗ IInst þ IBG ð2Þ

where “*” stands for convolution.
Besides the contribution of Domain Size, which is reflected on the

first term of the Fourier analysis, there is also a contribution of the
microstrain given by the Fourier coefficients [15,28]:

AD Lð Þ ¼ exp −2π2L2K2bεg ;L2N
� �

ð3Þ

bεg,L2 N is the mean square strain for dislocated crystals, which is given
by the Wilkens function f(η) [29]:

bεg;L2N ¼ ρCb2
� �

=4π
� �

f ηð Þ ð4Þ

where ρ is the average dislocation density, C is the contrast factor,
η= L/Rewith L the Fourier variable and Re the effective cut-off radius
of dislocations.

In the current FCC material a unique Burgers vector is available
and for a random distribution of slip systems and the absence of
crystallographic texture, the dislocation contrast factor can be averaged
over all hkl indices and the mean square strain can be calculated as:

bεg;L2N ¼ ρCAvb
2

� �
=4π

� �
f ηð Þ ð5Þ

where CAv is the average contrast factor, already defined on modified
W–H method, allowing to separate the product ρC as ρCAv and making
the dislocation density ρ available through the calculation. CAv is tabu-
lated or calculated by ANIZC freely available software [23], whenever
the texture is considered to be negligible.

Ungár and Tichy [30] have shown that if the specimen is either
un-textured or if all possible slip systems are equally populated, the
average contrast factors can be expressed by the fourth order polynomials
of the hkl indices. For cubic crystals they found:

C ¼ Ch00 1− qH2
� �

; ð6Þ

where H2 = (h2k2 + h2l2 + k2l2)/(h2 + k2 + l2)2.
The constants Ch00 are calculated on the basis of the crystallography

of dislocations and from the elastic constants of the crystal [22]. The
parameter q is the same for all reflections and is related to the edge or
screw character of the dislocations. The value of these contrast factor
parameters were calculated for different materials and types of disloca-
tions in Ungár et al. [22]. TheW–H or CMWP procedures provide values
of the q parameter, which usually fall between the q values calculated
for edge or screw dislocations, and it is “a priori” assumed that values
in between those limits suggest a mixed dislocation character.

It must be taken into account that the dislocations that affect
the diffraction patterns are both GNDs (Geometrically Necessary
Dislocations, which are dislocations arranged into boundaries
that determine a misorientation) and SSDs (Statistically Stored
Dislocations, which are stored in cell interiors), and both methods
account for them through the M parameter: a lower value of this
parameter indicates higher compactness of dislocation arrays,
which would determine GNDs, while higher values would character-
ize looser arrays and separated dislocations, which would be related
to SSDs. However, EBSD can only detect misorientations determined
by dislocation arrays; therefore, only GNDs can be studied using
this technique.

3. Experimental methods

In the present work a homogenized F138 stainless steel with initial
average grain size of ~50 μm was deformed by equal channel angular
pressing (ECAP). This material is commonly used for nuclear power
plants [31,32] and biomedical applications [33,34] because of its high
corrosion resistance; Table 1 shows its composition.

In ECAP the sample deforms by shearing within a small volume at
the intersection between two channels due to geometric constrains of
the die. Owing to no substantial change in outer dimensions it is easy
to repeat the pressing forming many times and get a large accumulated
strain, which can be estimated by the equation:

εN ¼ N=√3
� �

2 cot Φ=2þΨ=2ð Þ þΨ cosec Φ=2þΨ=2ð Þð Þ ð7Þ

where Φ and ψ are the corner and the die angles, respectively, and N is
the number of passes [35]. For the current configuration the equivalent
strain per pass is about 0.67 (Fig. 1). The material was pressed up to
four times at RT and at 300 °C, and consecutive passes were done with
no rotation in the extrusion axis (route A), except for ECAP 2×, RT,
thatwas performed by route Bc (with a 90° rotation around ED between
passes). The dimensions of the steel billets were 10 mm in diameter
and 50 mm in length. Sub-size samples were cut for tensile tests,
with a gauge length of 7mm(along ED) and 3mm×2mmcross section
area. Three testswere performed for each sample representative of each
deformation stage at room temperature and at a nominal strain rate of
10−3 s−1, with the elongation monitored by an optical extensometer.

Other sub-size samples were cut from the ECAP samples and
polished for XRD analysis. They were ground up to 800 grit paper,
then polished with 9–1 μm diamond pastes and finally with 0.05 μm
colloidal silica. The XRD analysis was carried out at GEMS outstation,
PETRA III station, DESY synchrotron radiation facility in Hamburg,
Germany, with a 0.01427 nm wavelength and approximately 0.01°
angular divergence. The sample holder on the beam line is attached to
a translation–rotation stage that allows the rotation of the samples
every 5° around the vertical axis and the measurement of the corre-
sponding diffraction patterns at the Mar345 solid state area detector
placed right after the sample in a transmission arrangement. The
instrumental broadening was obtained by fitting the diffraction pattern
of a LaB6 powder sample, with a thickness similar to the steel samples
(~1.0 mm). The steel samples were cut in small bars of approximately
20 × 1.2 × 1.2 mm3 for the analysis at DESY because the transmission
geometry requires samples with small through sections to avoid extra
peak broadening. These samples were also used for the EBSD analysis,
in a FEI Quanta 200 FEG-SEM in the Scanning Electron Microscopy
Laboratory — Centro Científico Tecnológico Rosario-CONICET, Argentina.
EBSD maps were obtained from surfaces normal to TD and ND, in order
to estimate the resulting size and shape of the crystals and boundary dis-
tributions. Different scans were performed on the samples: for samples
pressed once and twice at both temperatures and directions, texture
scans were performed over areas of 500 × 500 μm2 with a 500 nm step



Fig. 1. a) Photo of the 120° ECAP matrix and b) scheme representing the directions in
the sample.

Fig. 2. (a) True stress vs. true strain and (b) strainhardening vs. true stress curves obtained
for the as-received sample and deformed by ECAP at RT and 300 °C.
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size, and detailed scans over 70 × 70 μm2 with a 70 nm step size, while
samples deformed 4 times resulted in grains smaller than 50 μm and
could not be observed in a wide field scan, so only detailed scans were
performed over 30 × 30 μm2 with a 40 nm step size. The criteria used
to define a grain depended on the deformation conditions: 3 contiguous
pixels were used for the samples deformed at RT, but for the samples
pressed at 300 °C 2 pixels were used for 1 and 2 cycles and 5 pixels for
4 pressings; for all samples, the minimum boundary misorientation was
3°. This very small value, far from the usual 10°–15° used in the literature,
is justified by the purpose of finding some correlation with XRD results,
technique that is very sensitive to misorientations on the process of
identifying grain boundaries.

Small disks of 80–100 μm in thicknesswere also cut for TEM analysis;
they were prepared by electrolytic polishing (10% HClO4 in alcohol,
30 V, 0 °C) and then observed at a CM120 FEI microscope.
4. Experimental results

The mechanical properties exhibited by the samples after each
deformation stage are shown in Table 2. The hardness and the yield
stress increased with consecutive deformation, being lower for the
samples deformed at 300 °C. A large reduction was observed in
the total elongation (60% in the as-received sample down to 26%
Table 2
Hardness and mechanical properties of the F138 samples.

Deformation σy (MPa) σu (MPa) εt (%) εu (%) HV

Initial 374 640 60 23 130
1× ECAP 889 907 36 2.8 321
2× ECAP 1055 1108 28 2.8 339
4× ECAP 1140 1340 26 3.5 473
1× ECAP 300 °C 620 740 60 3.0 270
4× ECAP 300 °C 915 1020 40 2.4 330
after four passes) but does not reduce the material ability to resist
plastic deformation.

The strain hardening curves obtained from the tensile tests (Fig. 2)
show that the primary and secondary twinning stages described earlier
are present in the as-received sample, are shifted to higher stresses
for samples deformed at 300 °C and are absent for samples deformed
at room temperature. This implies that both stages have already
taken place at the beginning of the deformation, and that during the
ECAP process the deformation proceeds as a competition between the
secondary twinning and dislocation glide, i.e. stage C as described by
El Danaf et al. [3].

The samples were first observed by TEM to determine with high
resolution the microstructure after each deformation process. Figs. 3
to 6 show the substructures and microstructures for the samples
deformed at RT. All the images were obtained through surfaces perpen-
dicular to the transverse direction of the sample. After the first pass
through the die, the original coarse grained microstructure is replaced
by TM lamellae and small dislocation cells. Fig. 3(a) shows two sets of
intersecting twin groups, which implies that secondary twinning has
already started to take place. Four passes through this route caused a
larger decrease in domain size, leading to a structure of parallel defor-
mation bands containing nano-grains (Fig. 5(a)) and nano-twins inside
some of these grains (Fig. 5(b, c)). The bands shown in Fig. 5(c) are
approximately 75 nm wide and the separation between the twins is
smaller than 5 nm. The described microstructural features can be
explained as follows: during deformation, the original macroscopic
grains divide into parallel twins and high angle boundaries appear,
corresponding to stages A and B, and, as deformation increases,
these twins turn into deformation bands with dislocation cells and



Fig. 3. TEM images showing the microstructure of thematerial after 1 pass of ECAP defor-
mation at room temperature.

Fig. 4. TEM images showing the microstructure of the material after 2 passes of ECAP de-
formation at room temperature.
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nano-twin bundles, which determine a nano-scale grain structure.
A high dislocation density can also be appreciated in the images,
which are mostly responsible for the high elastic strains that were
accumulated during the ECAP process. The images that correspond to
2 ECAP cycles in route Bc (Fig. 4) show coherent areas of about
200 nm wide with boundaries inside them, which could correspond to
low angle misorientation boundaries.

The microstructure observed after deformation at 300 °C (Fig. 6) is
characterized by shear bands with dislocation cell substructures and
little formation of twins, which is consistent with the increase in stack-
ing fault energy with increasing temperature, as mentioned before.
A different dislocation configuration is observed after 4 pressings at
both temperatures (Figs. 5 and 6), being lower for the sample pressed
at 300 °C. Images for 1 and 2 pressings at high temperature are not
shown in this work. At this temperature the pace for dislocation
accumulation is much slower because of the competition between
dislocations generated by SPD and dislocation climb and annihilation.
XRD results presented later in this paper give more quantitative
information regarding to this hypothesis, but in Fig. 6a)–c) it is clearly
seen that dislocation density keeps low.
4.1. EBSD

A wider field vision and a more statistically sound approach to the
microstructure can be obtained through EBSD. Their topological and
local characteristics were observed in more detail to complement the
results obtained by XRD. In order to study a microstructural feature
of a material using EBSD, it is advisable to use a step size of about one-
tenth of the dimension of the mentioned feature [36]. Expected feature
sizes are close to about 50nm,whichwould imply the use of a 5 nmstep
size, which exceeds the possibilities of the current state of the art of



Fig. 5. TEM images showing the microstructure of the material after 4 passes of ECAP de-
formation at room temperature.

Fig. 6. TEM images showing the microstructure of the material after 4 passes of ECAP de-
formation at 300 °C.
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EBSD. However, the morphology and anisotropy might become clear
after EBSD observation and it will guide the analysis.

Fig. 7 presents the inverse pole figure (IPF) maps corresponding to
texture scans for 1× and 2× and detailed scans for 4×. The grain refine-
ment produced by increasing ECAP passes is evident in these images,
being more evident in the samples deformed at RT.

The EBSD images show the known behavior on microstructure
development by ECAP, with a diminishing angle between the ED and
the main dimension of the elongated features. Whatsoever, no coinci-
dence was found between themeasured angles and the few continuum
based calculations of the literature, for what it is clear the high influence
exerted by twinning on the microstructural features geometry and
orientation with respect to the sample axes [37,38]. Several scans
were used to get the angle between main elongated axes of the micro-
structure features and the ED axes. For samples deformed through
path A at both temperatures, after 1 pressing the angle is 60° and
when the number of pressings increased also structures at 30° (2×)
and 15° (4×) appeared. On the sample where deformation was not
performed through path A (2× RT), the main geometric features are
quite complex and with no clear trend. No further analysis will be
done on this topic on the current work.

Grain size evaluation tools proved to be quite unstable for the
determination of grain size, aspect ratio, ellipses orientations, etc., be-
cause of the high heterogeneity of the microstructure. If a larger field
with a larger step were used, many of the microstructural details
would be lost. For this reason grain size distributions or any associated
parameters were not calculated.

As it wasmentioned earlier, EBSD cannot detect randomly distribut-
ed dislocations, but only those constituting arrays, by measuring
the misorientation between two domains in the sample. Dislocation
densities measured through EBSD and X-rays are of different nature,
being the ones obtained through EBSD somehow overlapped with
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Fig. 7. Inverse pole figure maps obtained for the samples deformed by ECAP at RT and at 300 °C observed on the ND–ED and TD–ED planes with ED on the right side of
the figures. (____ 60°, -— 30°, ……15°).
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certain domain limits conformed by loose dislocation arrays for which
the dislocations are still discernible by X-ray techniques. Meanwhile
compact dislocation arrays are only seen by X-rays as domain limits.
We will not use EBSD with that purpose in the current investigation.

The Grain Boundary Character Distribution (GBCD) charts allow
determining the evolution of boundaries throughout the deformation
process. It can be seen in Fig. 8 that a similar behavior is observed at
both deformation temperatures. The samples deformed at 1 and 2
passes at room temperature show a similar boundary proportion at
both surfaces, being higher for low-angle boundaries, but after 4 passes
the proportion of high-angle boundaries is similar or even higher than
that for low-angle, which could be related to the reduction in grain
size observed by X-ray diffraction for TD and ND. This reduction in
low-angle boundaries could be caused by dynamic recrystallization oc-
curring at this level of deformation, and would mean that the disloca-
tions generated after this deformation are mostly arranged forming
misorientation boundaries rather than being randomly distributed.
Samples deformed at 1 and 2 passes at 300 °C present a higher propor-
tion of low-angle boundaries than the samples with the same level of
deformation at room temperature, but again after 4 passes there was
an increase in high-angle boundary proportion.

“Grain Orientation Spread”, or GOS index, was calculated to evaluate
misorientation distributions, limiting the calculation to the interior of
the grains in an attempt to establish a correlation with the dislocation
distributions that can be determined by XRD. The results are presented
in Fig. 9, and they show a similar behavior in both planes for all the



Fig. 8. GBCD charts obtained from EBSD scans on planes a) ED–ND and b) ED–TD.

Fig. 10. Stacking faults density determined by EBSD on twomutual perpendicular sections
(ED–ND and ED–TD) for each sample at both temperatures.
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samples. The values obtained for the samples deformed at RT increase
from about 1.4 to 1.6 from 1 to 4 passes, which indicates that the grains,
although they become smaller, develop very little misorientation
boundaries inside them after the first pass (Fig. 9). A different behavior
was registered for the samples deformed at 300 °C, where the GOS
values increased with higher deformation up to a value similar to the
one registered for the sample deformed at 4 passes at RT, indicating
that the grains develop internal misorientation at a different pace.
On the ED–TD plane the misorientation develops faster from 1 to 2
passes and slower from 2 to 4 passes.

Finally, EBSD was used also to estimate the stacking fault density
variation with increasing deformation; as it was observed in TEM
images, the samples present twin boundaries further divided by nano-
Fig. 9. Grain orientation spread on two mutual perpendicular sections (ED–ND and ED–
TD) for each sample at both temperatures.
twins. Considering the resolution of the microscope only an estimation
of the density of the larger twins can be obtained (Fig. 10).

4.2. X-ray diffraction

The Modified W–H method was used to estimate grain sizes and
dislocation densities. The contrast factors to be used in the calculations
are not known, partially because the elastic constants of the currentma-
terial are not known either; however, the values for C11, C12 and C44 for
steels with similar compositions allowed to estimate initial values of
these constants for the fitting procedure [39] (e.g.: C11 = 204.6 GPa,
C12 = 137.7 GPa, C44 = 126.2 GPa). For the W–H method, the instru-
mental contribution to the diffraction patterns was accounted for by
the application of Caglioti's equation [40] to the LaB6 measured pattern,
while for CMWP instrumental files were created according to the soft-
ware requirements.

The results work as starting guidelines for further analysis by more
accurate methods. As it was mentioned earlier, the results for micro-
structural characteristics obtained using W–H are not reliable for a
quantitative analysis, and are only presented in this paper for a qualita-
tive comparison with CMWP results in Figs. 11 and 12. Some of the
errors are not visible in the graphs because they are smaller than the
size of the points used to plot the data. The behavior of the samples de-
formed at both temperatures is quite different. At RT, one pass through
the die resulted in similar domain sizes along TD and ND, and a smaller
size for ED, but after 2 and 4 passes the grains became equiaxed, being
about 50 nm for 4 cycles and even smaller for the sample deformed in
2 cycles, which could be related to the 90° rotation imposed to the
sample before the second pass in route Bc. A different behavior was
observed in the samples deformed at 300 °C, where after one pass the
domains along TD andNDwere larger than 200 nm, and after increasing
deformation these sizes were reduced, but were still different from the
size along ED. Both W–H and CMWP methods show similar behavior.
On the few TEM micrographs where the dislocation arrays are
clearly visible (v.g. Fig. 4(b) for 2× RT or Fig. 6(b) for 4× 300 °C) the
distance between compact arrays is nearly in coincidence with the
calculated domain sizes, for what we can interpret that when the arrays
become highly compact they are undistinguishable from subgrain
boundaries and they are characterized as domains by XRD techniques.
However TEM micrographs cannot easily provide data with enough
statistical accuracy.

Regarding the dislocation densities, as it is known, W–H approach
cannot provide, even approximately, dislocation densities andM values
from Eq. (1), simultaneously. Some assumptions must be done about
the compactness of dislocation arrangements and their nature and
typical M values from the literature can be used. We approached
the problem by a sort of “tuning” of the values by using the values



Fig. 11. Results obtained for the samples deformed at RT (blue) and at 300 °C (red)
using W–H method.

Fig. 12. Results obtained for the samples deformed at RT (blue squares) and at 300 °C
(red triangles) using CMWP method.
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of the M parameters obtained by CMWP and the proportionality
factor 1/e2 between the dislocation effective cut-off radius Re* and
Re = e2Re* previously used as the effective outer cut-off radius of
dislocations by a few authors [41–43]. That proportionality factor
happens to contemplate three different levels of deformation and
two temperature regimes, making both, W–H and CMWP results,
quite similar, which supports the validity of W–H method as a fast
evaluation tool.

However a discussion about the validity of the current evaluation
protocol is deserved to draw some attention to the possible influence
of thepresence of texture in the currentmaterials.When theorientation
distribution of crystals is not random the tactic of calculating average
contrast factors does not hold because the actual average must be
done over the total product ρC considering the preferential orientation
of the crystals. Those calculations cannot routinely be performed
yet but, only in a few particular cases, some assumptions could be
made to better analyze the data [44]. In the current case the textures
correspond to typical preferential orientations obtained by shearing
where the strengths are not too high and the components are not
highly developed. The crystals achieve quite unstable orientations,
always changing not only because of the sample rotation between
each pass but also because of themacroscopic spin involved in shear-
ing velocity gradient [45]. The calculations will be done on the
assumption that the influence of texture is negligible, which seems



Fig. 13. q parameter determined byW–H (a) andCMWP (b)models for samples deformed
at RT and 300 °C, and (c) dislocation arrangement parameter M. Larger q corresponds to
higher contents of screw dislocations. Lower M values indicate higher compactness of
dislocation arrays.
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to be confirmed by the behavior of modified W–H plots, which
showed that a single curve was able in each case to closely fit exper-
imental points except for minor deviations. In any case, we must
keep in mind that the possible influence of texture is limited to
the dislocation densities; domain sizes and twins are calculated
independently of that assumption.

The dislocation densities increase for all samples at both tempera-
tures and as measured along all directions from 1 to 4 passes, being this
increase larger for the samples deformed at RT (Figs. 11 and 12(b)).
These results imply that deforming at 300 °C favors the mobility and
annihilation of dislocations and, on the contrary, at RT the accumulation
of defects is, right from the first pass, highly influenced by dislocation
trapping because of the presence of twins.

The results obtained for stacking fault densities are presented in
Figs. 11 and 12 (c), and again the behaviors observed for both tempera-
tures are quite different. At 300 °C the values are small, as expected [8,
9]; at RT, the stacking fault density increases from 1 to 4 passes along
ND and ED but remains almost the same for TD. This situation can be
understood considering that, since the deformation followed route A,
the shear planes involved in the deformation are parallel to TD and do
not intersect this direction, therefore it is not expected to observe any
change regarding stacking fault density in this direction; however, the
value after 1 pressing is higher in this direction than in the other ones,
showing perhaps the initial activation of pairs of twins intersecting
each other. Two cycles through route Bc lead to a similar stacking fault
density in all directions, which is related to the rotation introduced in
the shear planes involved in the deformation process, leading also to
the grain refinement and equiaxiality mentioned before.

As it was mentioned earlier, the average contrast factors of disloca-
tions are related, besides crystal structure and elastic constants, to
the edge or screw character of the dislocations present in the sample;
therefore, an analysis on the q valuewould allow estimating the propor-
tion of each type of dislocations for increasing ECAP deformation.
According to Fig. 13(a), the results obtained for the samples deformed
at RT are quite similar for both models, showing that after 1 ECAP pass
the character of the dislocations stored in each direction was different:
while along TD both types were present in almost the same proportion,
along ND and ED mainly edge and screw dislocations were present
respectively. CMWP also provides values showing the same trend for
the 1 ECAP sample deformed at 300 °C. After 2 and 4 cycles all directions
tend to similar proportions of both types, and in all cases the values
obtained byW–Hwere smaller than those determined by CMWP, corre-
sponding to a higher proportion of edge dislocations. The behavior
observed for the samples deformed at 300 °C show a tendency similar
to RT deformation, but the values obtained from W–H are even lower
than the CMWP results, mostly in the rank that is assumed to corre-
spond to high-mid proportions of edge dislocations. These results
might imply that W–H attempts to characterize the domains mostly
as very compact arrays of edge dislocations (according to Mughrabi's
model [46]), while CMWP would have a higher sensitivity to detect
screw dislocations whether or not they are arranged into boundaries.
According to Ungár et al. [22], low SFE materials are more prone to
develop screw dislocations, which could be related to the ability of
screw dislocations to overcome stacking faults during deformation
[47–49]. According to the references, one of the most favorable defor-
mationmechanisms in the presence of stacking faults is the dissociation
of dislocations into partials, where at least one of them is of pure screw
character; such dislocation can then cross the stacking fault during the
deformation process. This lower energy process might favor the
presence of a higher proportion of screw dislocations.

After 4 passes at RT the q parameters are quite similar along
the three sample directions. As q is the main parameter influencing
the value of CAv we can infer that there is a different accumulation
of dislocations along the three sample directions, forming different
compactness arrays but for very similar proportions of dislocations
of both character (edge or screw) (Fig. 13).
5. Discussion

The plots in Figs. 14 and 15 show the dependence of the dislocation
density and stacking faults vs. domain sizes, dislocation arrangement
parameter and q value, in an attempt to determine the correlation
between the various microstructural variables determined by the
models. Dislocation densities vs. diffraction domain sizes are plotted in
Fig. 14(a); samples deformed at RT exhibit domain sizes smaller than
100 nmand a dislocation density ~5–20× 1015m−2, while at 300 °C de-
formation domain values reach 250 nm. The general conclusion would
be that the larger the domain size, the smaller the dislocation density.
A similar behavior was registered in the dependence of the stacking
fault density on the domain size (Fig. 15(a)), which is related to the



Fig. 14. Dislocation density dependence with respect to other microstructural variables for the ECAP samples at RT and 300 °C: a) domain size, b) stacking fault density, c) dislocation
character parameter q, d) dislocation arrangement parameter M (dot and dash lines are only eye guides).
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fact that deformation at low SFEmaterials promotes a strong dislocation
trapping and fragmentation by dislocation arrays. This situation can be
observed in Fig. 14(b) where at 300 °C deformation both, stacking faults
and dislocation densities, are lower than those at RT when the disloca-
tion density increases alongwith the stacking fault density. The q factors
calculated for these samples (Figs. 14(c) and 15(b)) correspond to a
mid-to-high proportion of screw dislocations, in agreement with the
behavior described earlier.

Regarding the dislocation density and the arrangement parameter
M, deformation at both temperatures lead to a decrease in dislocation
density with an increase in M and vice versa, which indicates that if
thematerial has a high dislocation density those defects tend to arrange
into compact arrays, but if the density decreases the dislocation arrays
are looser. The behavior depends on the deformation temperature
as shown in Fig. 14(d), where the decrease in dislocation density
with M value is registered for both temperatures but with different
slopes.

The domain sizes and dislocation densities calculated using either
technique should be consistent with the Kocks–Mecking model for
grain refinement at very large strains [50]. This model considers that
during deformation the domains decrease because of the arrangement
of dislocations into misorientation boundaries, which delimit the fine
grain structure. This dislocation kinetics can be represented through
Eq. (8):

dρ=dσ ¼ k0=bd−k2ρ ð8Þ

where d is a cell size, considered as the mean free path for disloca-
tions, ρ is the dislocation density, σ the yield stress, b the Burgers
vector and k0 and k2 are constants. The verification of this model
would imply a good correlation between the results obtained using
thementioned techniques, and therefore a congruent global description
of the microstructural evolution through deformation.

Kocks Eq. (8) reflects the dynamics of the known behavior of
increasing stresses with the decrement of grain sizes and/or increase
of dislocation densities. Domain sizes are certainly anisotropic because
they tend to follow, at least approximately, external final macroscopic
shapes of the samples and/or strain induced shapes. Despite it can be
approximately described by a tensor it is not considered a physical
quantity because shape is not actually a material dependent property.
Dislocation density, on the contrary, is a scalar volume dependent
magnitude that should not depend on the sample orientation but only
on the crystal orientation with respect to the external coordinate axes,
current and also past, because of the dislocation density evolution, and
only for each texture component would be shown as a sample orienta-
tion dependent magnitude. However, dislocation densities, as deter-
mined by the current state of the art approaches, vary with respect to
the sample axes, i.e. TD, ND and ED. That might be consequence of the
averaging effect produced by the assumption of the absence of texture,
inherent to the use of average CAv contrast factors, despite that the
texture is not negligible. In fact, in some crystalline directions, nomatter
how large the dislocation content can be, they might be impossible to
detect by X-rays. In such case no contrast factor is able to reverse the
invisibility effect.

To check the validity of Eq. (8) (Kocks–Mecking model), we would
need a more continuous experimental evaluation of domain sizes
and dislocation densities for being able to calculate derivatives. Only
the general behavior can be evaluated if we assume that domain sizes
and dislocation densities obtained using W–H and CMWP can be aver-
aged over all 3 directions for each sample and then plotted against the
yield strength.

Yield stress should follow meanwhile some inverse of the
domain size law, either like 1/ρ or 1/ρ½ as stated by Hall–Petch



Fig. 15. Twin density vs. domain sizes a) and vs. q factor b) for ECAP deformed samples at
RT and 300 °C (dot and dash lines are only eye guides). Fig. 16. Yield stress vs. (a) domain size and (b) dislocation density. The relationships

between the variables agree with Eq. (8), where increasing yield stresses are due to
increasing dislocation densities and decreasing average domain sizes.

109N.S. De Vincentis et al. / Materials Characterization 107 (2015) 98–111
approach [51,52]. As it is seen in the graphs, yield strength in-
creases with diminishing domain sizes and increasing dislocation
densities, which is consistent with the expected behavior (Fig. 16).

Regarding the microstructural anisotropy, the defects detected
along different sample directions are qualitatively and quantitatively
different, reflecting a macroscopic anisotropy probably developed by
the simultaneous influence of single crystal plastic anisotropy, texture
evolution and macroscopic strain rate symmetry. In this last case, the
sampling capability in different directions is selectively collecting data
from different texture components, all of them averaging many
orientations around an axis along the measured direction for what
perhaps the validity of the model is sustained when not too severe
textures are present. In fact, the detected anisotropy is not an actual
anisotropy case, because the parameters are all scalar magnitudes,
but instead a case of heterogeneity, where the heterogeneous distri-
bution is governed by texture. In terms of the mentioned anisotropy,
it is worthy to analyze the different characters of the two main
microstructural defects accumulated in the material, although they
are highly correlated due to the deformation mechanisms that give
rise to the microstructure:

a) Grain size ismainly related to the external strain field history. Grains
tend to be elongated, either as flat “pancake” or “chocolate bar”
shapes, depending on the strain path undergone by the sample,
although they also tend to develop fragments inducing somehow
equiaxial sub-grains. Grain sizes, and shape, are not intrinsic
physical material properties, for what they cannot “a priori” depend
on crystal orientation. To complicate the matters further, in the
current case the elongated shapes are oriented along changing
axes with respect to ED. In the current case the orientation of the
meso-micro structure, as judged by EBSD, is not in agreement with
the usual continuum based predictions of the literature.
b) Dislocation and SF densities are intrinsic physical quantities that

depend on the micromechanical mechanisms active during defor-
mation. They are orientation dependent quantities and develop
accordingly. Besides being evident in single crystal experiments,
the orientation dependence clearly arises when the polycrystalline
aggregate develops texture that allows the determination of
orientation dependent density quantities. However the current
state of the art on determination of orientation dependence of
microstructure development has still some unknowns and diffi-
culties regarding data processing. Dislocations tend to arrange
in compact arrays that soon become undistinguishable from grain
boundaries, from what there might be some kind of interaction be-
tween both quantity categories that tend to obscure both phenomena.

6. Conclusions

The evolution of the microstructure of an F138 austenitic stainless
steel deformed by ECAP was studied combining TEM and EBSD tech-
niques and, mainly, XRD through peak broadening analysis. Deforma-
tion at RT caused the original grain subdivision into subcells and
twined regions. At increasing strain secondary twinning is activated
and starts to compete with dislocation glide, contributing both to
grain refinement. This refinement takes place at lower equivalent
deformation at RT than at 300°, but after 4 passes through the ECAP
die the domains become equiaxed for both temperatures. XRD analysis
and EBSD showed that dynamic recrystallization has begun at 4 passes
at RT, what is evident by an increasing number of high-angle grain
boundaries and the increase in domain size along ED.
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The combination of TEM and both diffraction techniques (EBSD and
XRD) resulted in a very complete analysis of the microstructure of the
material, combining statistical average information with local orienta-
tion data. The results obtained using XRD are sensitive to crystalline
misorientations and residual micro-stresses caused by dislocations
and stacking faults, which cannot be accurately calculated by EBSD.
However, grain boundary character can be assessed using EBSD, which
leads to an understanding on the development of grain boundaries
and dislocation arrangements.

From the many correlations obtained for the different fitting
parameters and physical variables we can remark the following:

a) Dislocation densities are higher for small domain sizes. When the
arrays start being too compact they become undistinguishable
fromgrain boundaries and the domain size is diminished accordingly.
Small domain sizes are thosewhere the dislocation arraysweremore
compact and the grains became fragmented.

b) The largest dislocation densities are achieved with the simultaneous
activation of the twins. Dislocations become entrapped between
twins and double twins making a very fine microstructure.

c) There is a trend to have higher dislocation densities for even
proportions of edge and screw dislocations, which is in coincidence
with a larger amount of twining.

d) The largest proportions of screw dislocations are always correlated
with twins present in large numbers, probably due to the easy
twin crossing mechanism provided by dislocation dissociation in
partials of screw character [22,47–49].

e) Stacking fault densities, as determined by EBSD are two orders of
magnitude lower than the values obtained using X-rays. That is
one order of magnitude larger than the apparent lack of resolution
of the technique in comparison with the actual feature dimension,
tens of nmvs. nm. It is speculated that the interaction between twin-
ning and dislocation storage would somehow rapidly deteriorate
the plane-angle rule for twin identification by EBSD.

f) The correlations found between the many microstructural parame-
ters bring confidence on the main assumptions of the analysis, par-
ticularly on the proposal of low texture influence on the contrast
factors. Their behavior need to be further analyzed to withdraw
some more microstructure insight on the deformation processes.
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