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The results of an experimental test program performed to investigate the influ- 
ence of specimen dimensions and testing rate conditions on room temperature frac- 
ture toughness of PP homopolymer are presented. The material displayed nonlinear 
load-displacement behavior and exhibited small amounts of slow crack growth 
(ductile tearing) prior to cleavage instability, which invalidates the direct application 
of the current standards for the determination of qC in polymers. Data points were 
considerably scattered consistently with typical ductile-brittle transition patterns. 
The resulting load-displacement diagrams were analyzed in terms of %. b, and 
the ratio Pm/PQ. The fracture toughness at instability, J,, was also computed and 
plotted against the amount of stable crack growth in order to construct J-R curves 
as a function of size and strain rate. From these curves an alternative critical frac- 
ture parameter, K,,,, was calculated. Weibull statistics were used as a tentative ap- 
proach for treating the scatter of hc ture  toughness of polypropylene homopolymer 
in large samples, which exhibited restricted ductile tearing. The sgdfkance of each 
of these methods and the validity and size independence of the corresponding para- 
meters are discussed. 

JNTRODUCTION 

racture properties of Polypropylene polymers and F their rubber blends have been extensively studied 
(1-3). The lack of toughness and the brittleness exhib- 
ited by PP homopolymer at  room temperature were 
explained in terms of the nearness of its Tg to room 
temperature. However, the direct application of LEFM 
(4-6) in this kind of material is not so simple because 
of the nonlinear characteristic of load-displacement 
plots and the variations in constraint, which affect the 
fracture toughness values determination. Several au- 
thors (1-3) attributed size dependency to plane stress 

*Corresponding author. 

skin effects and used a single additive model to take 
into account the plane stress and plane strain con- 
tributions to toughness. Plane strain lower-bound 
toughness was determined at temperatures well below 
room temperature (at -60°C) (2) by extrapolating ap- 
parent toughness to infinite-thickness sample. 

Fernando and Williams (2) found that the ho- 
mopolymer exhibited small amounts of SIOW crack 
growth (ductile tearing) above 0°C and became com- 
pletely ductile above 3OOC.  To avoid taking into 
account the effect of ductile tearing (stable crack 
growth), they smartly studied fracture far away from 
ductile-brittle transition temperature. Analogous duc- 
tile-to-brittle transition regime behavior and / or tran- 
sition from stable to unstable crack propagation 
regime was reported for similar materials under 
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diverse testing conditions, in more recent papers (7-12). 
To obtain meaningful PP homopolymer fracture 

toughness data at room temperature [ductile-brittle 
transition regime) is extremely difficult. Values are 
often highly scattered and show a strong sensitivity to 
geometry dimensions and strain rate. In addition, 
some tests exhibit excessive nonlinearity of load-he 
displacement plots and the presence of stable crack 
extension prior instability, which compromise the va- 
lidity of classic LEFM methodologies (4 - 6). This paper 
presents the results of a wide experimental study on 
the influence of strain rate and geometry dimensions, 
which affect in-plane and out-plane-constraint effects. 
We aim at giving additional insight into the determi- 
nation of sign&cant fracture toughness values of PP 
homopolymer, which still appears controversial. 

compression-molded plates over a broad range of di- 
mensions [Thickness, B, was varied between 3.5 and 
21 mm; and the depth, W, was varied between 7 and 
42 mm). Span, S, to depth ratio and crack to depth 
ratio were always kept equal to 4 and 0.5, respec- 
tively. Proportional [B/W = 0.5) and non-proportional 
specimens (B/W - 0.37 and 0.23) were also assayed. 
Samples were machined to reach final dimensions 
and improve edge surface finishing. Sharp notches 
were introduced by scalpel-sliding a razor blade hav- 
ing an on-edge tip radius of 0.13 mm. In some speci- 
mens, sidegrooves of equal depth were machined into 
each face to give a total reduction in thickness of 
0.2B. To be sure that data scatter did not arise from 
eventual differences in processing conditions among 
different plaques, thin specimens were obtained from 
the arms of thicker specimens after being tested. 

Tangent Elastic modulus, E, and yield stress, cry 
(taken at maximum of load-displacement trace), were 
determined in tension on dumb-bell specimens 
machined from strips transversely cut from the 21- 
mm-thick plaques as a function of strain rate as 
shown in Rg. 1. 

Mechanical tests were carried out at room tempera- 
ture and varying crosshead rate, u, between 3 and 10 
mm/min in an Instron 4467. Fracture-tested speci- 
mens were loaded monotonically to failure, and load 
and displacement were monitored. In some experi- 
ments the initial loading velocity was controlled in 
order to give constant bending nominal strain rate 
calculated following Eq 1, (14). 

EXPERIMENTAL 

Mater ids  and Processing Conditions 

Studies were performed on a commercial extrusion- 
grade isotactic polypropylene [PP), produced by 
Petrocpimica Cuyo with the trade name of Cuyolen PP 
1102 KX, MFI: 3.4 g/ 10 min. Pellets were compres- 
sion molded into thick plaques at 200°C and 4.3 MPa 
and then rapidly cooled with running water. The 
plaques were then annealed in an oven for 3 h at 90°C 
to release thermal stresses generated during moldmg. 
Crystallinty measured by DSC [ 13) was 60%. 

Specimen Preparation and Test Conditions 

Fracture characterization was carried out on 
three-point bend specimens (SENB), cut from the 
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FRACTURE MECHANICS CALCULATIONS 
From load-line displacement plots and crack length, 

the stress intensity factor, K, was computed from Eq 
2, where f(a/w) is a dimensionless function of a/W 
(4- 61, 

according to ASTM D5045 standard at maximum load 
(K-) and at the special load value called PQ load 
(Kg) .  This latter procedure implies the determination 
of PQ at the intersection between a straight line having 
compliance 5% greater than that of initial compliance 
and the load-displacement trace (Fg. 2). 

For side-grooved specimens, effective instead of 
nominal thickness (15) was used: 

Be#= dBB,, , (3) 
where the net thickness, Bm is the distance between 
the roots of the side-grooves. 

The conditional Kg value computed with Eq 2 is a 
valid Klc (Critical Stress Intensity Factor in Mode I) re- 
sult only if all validity requirements in the standard 
(4-6) are met, including: 

(4) 0.45 5 a / W 5 0.55, 

~ i 1.10, P M X  

PQ 

(5) 

The above-mentioned LEFM validity criteria were em- 
pirically derived to ensure the resulting I(lc to be size in- 
dependent. This requires that the test be performed in 
plane strain under nominally linear elastic conditions. 

0.01 O I /  

W = 7 . 0 m  
v=lOWn/min 
P,, I Pp = 1.827 

0.00 V I I i 
0.0 0.5 1 .o 1.5 2.0 

Deflection [mm] 

Besides the calculation of %, the value of the J-In- 
tegral at the instability point, J, (Eq 9, (16, 17), and 
the amount of ductile tearing, Aa,  (measured directly 
from fracture surfaces) were recorded as well. 

2 uc 
B(W-  a) * J, = (7) 

The results are presented as a multispecimen J-R 
curve based on ductile crack growth value at cleavage 
initiation (18). A critical initiation value Jlc was deter- 
mined at the intersection of the theoretical blunting 
line (Eq s) and the J-R curve. 

J =  2o,Aa. (8) 
A critical stress intensity factor was derived from JIc 

using the following expression: 

RESULTS AND DISCUSSION 

Phenomenolom 

Loadline-displacement curves were smooth and de- 
viated from linearity (Fg. 2). At a certain deflection 
level, sudden instability occurred and the specimen 
broke in two W e s ,  which literally flew away aided by 
the energy provided by the elastic strain energy stored 
in the sample. 

As explained in the specific literature (191, nonlin- 
earity may be caused by plasticity, subcritical crack 
growth, or both phenomena. Fracture surfaces analy- 
sis (Rg. 3a and 3b) revealed the presence of subcriti- 
cal crack growth. The stable crack growth, which al- 
ways preceded brittle fracture, is clearly demarcated 
in the photo and can be distinguished from the white 
halo corresponding to the damaged zone generated 
before crack propagation. The amount of the ductile 

PW/PQ = 1.160 

1.0 - 

W = 4 2 m  
v=  lOnnn/nrin 
PW/PQ = 1.160 

0.0 0.5 1.0 1.5 2.0 2.5 3.0 

Deflection [mm] 
Fig. 2. Load-displacement diagrams: aJ 3.5 mm thick specimens, b) 21 mm tick specimens Lfor the smallest specimens instabihtg 
was reached beyond the maximm load). 
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Flg. 3. Fracture swjimes. a: plane-sided specimen, b: sidegrooved specimen. Arrows indicate cmck propagation direction. 

tearing Au that can be achieved was limited by the 
onset of cleavage instability. 

The whitened plastic zone tapers inward as the dis- 
tance from the crack front increases, which can be 
discerned in Fig- 3a. This may be caused by a transi- 
tion from a plane strain state in the center of a speci- 
men to a plane stress state in the surface regions, as 
previously denoted (1). Fernando and Williams (1) as- 
sumed that in polypropylene, the additional tough- 
ness stems from a plane stress skin effect, although 
they were not able to separate the exact contributions 
h m  crazing and shear yielding. The fact that in the 
center of the smooth specimen the crack and the 
whitened halo had propagated further ahead than at 
the edges of the crack front indicates that the more 
critical three-dimensional stress state generated in 
the interior of the material governs damage evolution 
(mainly crazing) (1) as well. The through-thickness 
differences in constraint may be avoided by side- 
grooving (Flg.3b), which promotes triaxiality even at 
the edges of the sample, as can be appreciated from 

the more straight shape of subcritical growing and 
damaged zone. 

The shattering effect mentioned above was described 
previously (2, 20). Fernando and Williams (2) noted 
that a single crack path was not observed within the 
whitened region, but that crack bifurcated and propa- 
gated in many directions when proceeding through 
the rest of the specimen. This phenomenon is clear 
evidence of excessive strain energy being dissipated 
during unstable fracture, suggesting that the crack 
propagates from a region of high local toughness at 
the crack tip to one of low toughness in the rest of the 
specimen. Qure 4 shows evidence of crack path de- 
flection. It can be appreciated that fracture did not 
occur at the midplane of the process zone but at the 
interface between the crazed zone and the bulk mate- 
rial. By comparing both fractographs it can be distin- 
guished that the stress-whitened material remained in 
only one of the two halves (Flg. 4a). The fracture nu- 
cleus where the instability had generated is also dis- 
cernible in the photograph (1 7, 2 1). 

F@ 4. Fmcture surfaces of the two halues of the same sample showing: a: damage zone, b: Instability inition point Arrows indicate 
crack propagation direction. 
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An attempt to understand the nature of phenome- 
nology was made by taking into account geometric 
constraint effects (thickness, sidegrooving, and liga- 
ment length), which affect the stress triaxiality and 
the size of plastic zone at the crack tip. The constraint 
requirements mentioned in the fracture mechanics 
parameters section (Eq 5) aim to ensure that the criti- 
cal specimen dimensions, B, a, and W-a), are at least 
-50 times larger the radius of the plain strain plastic 
zone size (22, 23). Sidegrooving has the effect of re- 
moving plane stress zone at the edges (22,24,25). 

The third constraint requirement (Eq 6) (26) ac- 
counts for the following situation: a fracture toughness 
test that displays considerable plastic deformation 
prior to failure. If the specimen fails well beyond Ps. 
owing a large degree of nonlinearity, the value in 
this case would grossly underestimate the true tough- 
ness of the material. Consequently, the third validity 
requirement is necessary to ensure that a KIc value is 
indicative of the true toughness of the material. 

Figure 2 shows two load-displacements plots ob- 
tained at the two extreme specimen thicknesses as- 
sayed. Plots were always nonlinear, and with the ex- 
ception of only very thin samples (@. 24, instability 
was reached before maximum load (Rg. 2b). A slight 
tendency to gain linearity was detected with the in- 
crease in specimen thickness. However, valid test con- 
ditions are impossible to reach under practical situa- 
tions (Fig. 5) because of the difficulties in molding 

specimens thicker than 20 mm. The fracture mode 
has never completely changed into complete cleavage, 
and ductile tearing (Fig. 3), even if inhibited to accept- 
able values (21, 22). was not completely suppressed. 

In the specimen size range examined, values of K,, 
measured with geometrically similar specimens were 
not observed to decrease consistently with increasing 
thickness (F'ig. 6) approaching an asymptotic mini- 
mum value as expected (27-29). Kauhan and Nelson 
reported a similar tendency for an aluminum alloy 
(23). Scatter bands of each specimen thickness over- 
lapped and to test specimens large enough for frac- 
ture to occur under dominant linear-elastic conditions 
is not practically possible. 

Figures 5 and 7 clearly show that linearity in load- 
line-displacement plots and valid KIC test values are 
rarely possible under reasonable geometric experi- 
mental conditions since follows the same monoto- 
nically raising trend with thickness of K,, which 
stem from requirements criteria. 

In the case of sidegrooved specimens, a straighter 
damage zone profile is observed due to the additional 
constraint generated at the edges ( R g  3b). However, 
moderate sidegrooving of the specimen does not appear 
to have a signifcant effect on the linearity of load-dis- 
placement plots (Fig. 3, probably because no necking 
was observed in the edges. The use of non-propor- 
tional specimens, which can alter in-plane constraint 
(21) (B/W = 0.37 and 0.23 in (Rg. 5) was ineffective as 
well in promoting load-line displacement plot linear- 
ity. This behavior might be due to the difference in 
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Fig. 5. Size effect on the linearity parameter P-/P,-J. Open symbols: side-grooved specimens. 
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Effects of Specimen Size and Testing Conditions 

nature of damage mechanism between PP and metals 
(301, since crazing is a dilatational mechanism, and 
then it is still active under high triaxial conditions. 

In consequence, the currently accepted procedures 
14-61 for measuring the plane-strain fracture tough- 
ness in polymers, K,, are strictly not applicable. On 
the other hand, the extrapolation to infinite thickness, 
a common practice in the literature (2, 31) at testing 
temperatures below room temperature, appears some- 
what meaningless because of the large scatter. Thus, 
novel approaches should be used to determine critical 
parameters. 

Scatter in Measurements and the 
"Weakest Link" Model 

One of the most characteristic features of our re- 
sults is that data is highly scattered in terms of Jc, as 
shown in FYg. 8. The most developed approach for ex- 
plaining scatter and size effects of fracture toughness 
has been deduced from the weakest link theory and 
applied to data in steels in the ductile-brittle transi- 
tion region (17, 18, 21, 32, 33). This theory assumes 
that small regions of very low toughness, called weak- 
est links, are randomly distributed in the material. 
Failure occurs if at one of these weakest links the crit- 
ical stress is reached. The load of fracture depends on 
the location of the "weak link" in the volume ahead of 
crack tip and on the critical stress of the individual 
weak link. Some plastic deformation and even stable 
crack growth may occur at the crack tip before cleav- 
age takes place (17, 18, 21, 32). Under weakest link 
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1 1  

6 t  
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controlled cleavage the fracture shows one single dom- 
inant initiation site (21). The existence or nonexistence 
of these sites could provide a powerful means of indi- 
cating when link mode is operating. 

The schematic model seems in principle to be con- 
sistent with all the macroscopic observations, which 
have been made concerning PP homopolymer fracture 
phenomena. Moreover, Varga (34) and Greco and 
Ragosta (35) also showed that spherulite boundaries 
constitute the "weak sites" of the polypropylene, and 
failure of the material is often initiated on these spots 
by coalescence of micro voids, cracks, and crazes. The 
"weak site" feature of spherulite boundaries is also de- 
rived from the fact that the majority of the noncrystal- 
king component is accumulated in these regions. 
Varga explained that spherulite boundaries act at  
weak sites, and failure often initiated at these spots. 
The fracture process is essentially controlled by the 
interconnections within the material (which in turn 
determine the craze structure). 

In order to quant@ the scatter of toughness, the 
thiclmess effect, and the effect of stable crack exten- 
sion observed in some femtic steels, a variety of sta- 
tistical models have been developed (17, 18, 21). 
These models assume that the scatter band of the 
fracture toughness values can be modeled using 
Weibull statistics. 

We chose the three-parameter Weibull cumulative 
frequency distribution to fit Jc distributions (32): 

8 
8 
8 

1 I 1 1 I / / A  I 
I 

4 6 8 10 12 20 22 

Thickness, B [mm] 
Q. 8. Size effect on the critical ehstic-phs*mture parameter, Jc 
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The three fitting constants are 8, b, and &,,,which 
are the scale parameter (J, = 0 ,when Pf = 0.632). the 
Weibull slope, and the lower-bound toughness value 
that defines a lower limiting toughness for specimens 
of infinite thickness, respectively. 

Fitting parameters were determined by linear least 
square fitting of the double l o g a r i h  version of Eq 10. 
AU three Weibull constants were adjusted to get an 
optimum linear fit to the data (32, 33). Results are 
shown in Table 1.  A good data correlation was found 
only for specimens having a nominal thickness of 
2 1 mm and displaying a fitted Weibull slope very close 
to 2 (Flg. 9). Several authors have proposed that this 
value is consistent with the structural steel microme- 
chanics theory (see, for, instance, refs. 18, 33, 36). 

The application of Weibull statistics on thinner 
specimens was unsuccessful. Some parameters 
showed physical inconsistency (Table 1) while the 
scale parameter inferred from thinner specimens dis- 
tributions (0, = 8, (B2/Bl) ’ lb)  did not agree with the 
one determined in 21 mm samples as the weakest 
link model predicts (21). It has been shown theoreti- 
cally (21) that so long as no stable crack extension oc- 
curs during the loading, and the constraint in the 
specimen does not change, which means that the tri- 
axiality of the stress and strain field at the crack tip 
does not change during the loading event, the scatter 
band follows the Weibull distribution. The initiation of 
stable crack growth also affects the stress and strain 
fields ahead of the tip and may also influence the 
probability of triggering 
stated that slow crack 
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cleavage. McCabe et aL (32) 
growth before the onset of 
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Table 1. Weibull Fitting Parameters. 

Best fit of Data 
_____ __ ~ ._ 

N Jmin Slope @“/mml 
B*W 

“lmml _ ~ ~ _ _ _ _ _ _ _ _ _ _ _ ~  ~___ 
3.5* 7 10 2.739 10.56 5.40 
7 ‘14 11 5.185 7.54 1.60 
9 ‘18 7 7.342 6.70 co.0 
9 ‘laa 8 3.675 6.92 3.32 
21 *42 7 1.979 7.44 6.00 

asidegrooved specimens. 

cleavage cracking is, for various hypothetical reasons, 
reputed to cause a disruption of the local crack-up 
stress field. Ostensibly, the propensity for the onset of 
cleavage fracture is changed from that of a specimen 
with a nongrowing crack. So, the large stable crack 
growth levels displayed by specimens thinner than 
21 mm invalidated the application of Weibull ap- 
proach. Despite some attempts trying to make crack 
growth adjustment are available in literature, the real 
value of these corrections is still controversial and 
they lack in the definition of full constraint fracture 
parameters (32). 

J-R Curves Analysis and Prediction of a 
Permissible Extent of Ductile Crack Growth 

When stable crack growth is present, in principle, 
fracture can be characterized by using the J-R amlysis. 

/I: 

-1.0 -0.5 0.0 0.5 1 .o 
In (J -J ) 

C min 
Frg. 9. Weibull plot 
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As known, existing restrictions regarding the ligament 
size are different for the linear-elastic parameter, KIC, 
and the elastic-plastic parameter, Jrc When applying 
KTC, a much larger ligament is needed to get a "valid" 
result than that when applying JrC The more strin- 
gent ligament requirements with K,,  come mainly 
from the need to ensure that the specimen behaves in 
a nearly linear-elastic manner (Small Scale Yielding). 

Figure 10 show graphics of J ,  vs. subcritical growth 
(ha) obtained under different geometry and loading 
conditions. Some specimens, even if theoretically 
identical, failed with little stable crack growth while 
other specimens sustained high levels of ductile tear- 
ing prior to cleavage. For the specimens that exhibited 
low toughness, the distance between crack tip and in- 
stability initiation was small. That means that a criti- 
cal nucleus was available near the crack tip (Flg. 4). In 
the specimen that exhibited hgh toughness, there were 
no critical particles near the crack tip: the crack had to 
grow and sample additional material before a critical 
nucleus was found (18, 37). Our results shaved that 
the measured distance from the initiation site to the 
original crack tip correlated very well with the mea- 
sured fracture toughness. 

To sum up, the amount of pre-cleavage ductile tearing. 
Aa, was not constant and showed scatter similar to 
that for the fracture toughness. Its magnitude was 
limited by the onset of cleavage instability so that a 
predetermined amount of ductile tearing cannot be 
guaranteed @Q. 1 1 ) .  On the contrary, Vu-Khanh and 

Fisa (20) found that the location of fracture initiation 
at a certain distance ahead of the crack tip has a 
characteristic critical value. Therefore, in agreement 
with the strain energy density theory, they postulated 
that the subcritical crack growth can be considered a 
material parameter for predicting fracture instability. 
J-R curves, however, are found to be size indepen- 

dent for specimen thickness larger than 7 mm as 
shown in Rg. 1Oa A si@icant size effect appears only 
for very thin specimens (3.5-mm-thick samples). This 
is the usual tendency for small specimens to produce 
higher values of fracture toughness than larger ones. 
These latter specimens fell under conditions well be- 
yond those for J-validity (B < 15 Jc/uJ (38). The effect 
can be explained in terms of the reduced constraint in 
the smaller specimens and in terms of the higher prob- 
ability of a region of low toughness material occurring 
close to the crack tip in the larger specimens. J-resis- 
tance curve values, obtained from specimens with B z 
7 mm meeting the condition B 2 30 Jc/uy , superim- 
posed the same dispersion data band. In this regime, 
cracks growing initially by a ductile mechanism follow 
the J resistance curve until cleavage occurs. 

In general, loading rate effects have been neglected 
in standards (4-6, 39, 40), although it is well known 
that polymer fracture behavior is time dependent (41), 
because of the viscmlasticity nature of polymer behav- 
ior. In order to consider rate effects, data having the 
same nominal initial rate (Eq 1 )  were plotted together. 
No signrficant changes in trends were found (Flg. 1Ob). 
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Fig. 11. Probability densityfunctiDns asfunction of subcritical cmck growth observed for &us specimen sizes. 
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When the data point met the so-called "J-valid con- 
ditions", the J-resistance curves could be considered 
size independent within an acceptable scatter. How- 
ever, neither the level of J at which the brittle fast 
fracture mechanism intervenes nor a critical value of 
Aa can be guaranteed. Thus, none of them can be 
taken as a characterizing parameter (Fig. 10). Milne 
and Curry (42) developed a phenomenological descrip- 
tive model, consistent in principle with our observa- 
tions, that aims to estimate the amount of ductile 
crack growth permissible when ductile crack growth 
preceded the cleavage phenomenon. They defined KIC 
as the fracture toughness at the onset of the brittle 
mode of fracture and KIj as the fracture toughness at 
the onset of ductile crack growth, then Klc > KIJ. 
Below KIJ crack growth is due to blunting. The ductile 
crack extension obtained between the initiation of 
ductile crack growth and the onset of brittle is defined 
by the elastic-plastic crack growth resistance curve. 
KIc cannot be reached without generating the appro- 
priate amount of ductile crack extension. 

Based on the latter considerations and taking into 
account that Weibull did not work in a reasonable 
range of specimen thickness, we suggest constructing 
a J-R curve from J and Aa values obtained at instabil- 
ity points. A J, can be taken from the intersection be- 
tween the blunting line and J-R curve and then con- 
verted into Kjic from Eq.9. This latter parameter 
sounds more reasonable as a design parameter since 
stable crack growth cannot be guaranteed and it is 
also a conservative criterion. The so-obtained JIc val- 
ues did not present physical crack growth. The derived 
Kdc is the smallest one among the mean values ob- 
tained from the largest specimens and the threshold 
KJ- value from the Weibull approach (Table 2). 

SUMMMARY AND CONCLUDING REMARKS 

Different geometry dimensions that modify in-plane 
and out-of-plane constraints were used to assess the 
fracture behavior of PP homopolymer at varying test- 
ing rates and at mom temperature. Under the testing 
conditions assayed, the so-called "valid Klc values" 
could not be obtained since LEFM (4-6) requirements 
(as defined by Eqs 5 and 6) were not met. 

Results appeared to be large scattered and size de- 
pendent. Large-scale yielding (judged from the dam- 
age zone developed at the crack tip and ductile crack 
growth] preceded brittle fracture and led to nonlinear- 
ity in load-line displacement curves. This behavior 

Table 2. Fracture Parameters From Different Methodologies 

J - R Curves Weibull LEFM 

KJ/C 

I M P d m l  KJM/N[Mfq/m] & [Mp4m] 
(Fig. 10a) (Fig. lob) (Fig. 9) (Fig. 7) 
2.78 2.87 3.06 2.93 

Effects of Spcimen Size and Testing Conditions 
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shows characteristics very similar to those shown by 
steels in the ductile-brittle transition regime (1 7- 
18-20-32). 

The amount of pre-cleavage ductile tearing, Aac, 
showed differences among theoretically identical sa&- 
ples. However, the measured distance from the initia- 
tion site to the original crack tip correlated very well 
with the measured fracture toughness, which &lows 
construction of J-R curves. 

Our results showed that the level of subcritical 
crack growth that a sample can reach cannot be pre- 
dicted from a J-R curve. Hence, it cannot be consid- 
ered a material parameter for predicting fracture in- 
stability. The latter statement contradicts the findings 
of Vu-Khanh and Fisa (21). 

It seems that the displayed behavior (ductile-brittle 
transition regime) is a direct result of the PP ho- 
mopolymer micromechanism of fracture (34) that 
which initiates from microstructural defects present 
at the spherulite boundaries, which act as "weak 
sites" triggering brittle fracture. The location of this 
cleavage trigger relative to the crack tip dictates 
toughness. If this critical nucleus is near the crack 
tip, the toughness is relatively low: whereas a hgher 
toughness can be measured if the cleavage trigger is 
relatively remote from the crack tip. In most cases, 
the crack will grow by ductile tearing until it reaches a 
microstructure feature that is capable of triggering 
cleavage. 

In thick samples (21 mm) where negligible stable 
crack extension is present, the behavior seems to be 
in accordance wik the weakest link model and the 
probability function can be obtained by fitting a 
Weibull distribution with a shape parameter of 2 
through the toughness data point. On specimens 
thinner than 21 111111, apparent changes in constraint 
and stable crack extension influence the probability 
function, and therefore, no simple strategy for treating 
the size effects and scatter can be given for such a be- 
havior. 

In order to determine a lower bound toughness, as 
a compromise solution we proposed the subsequent 
protocol. To construct a J-R curve by plotting J values 
at the instability point, Jc, vs. the corresponding 
crack growth, A%, and estimating KaC (Eq 91 from the 
intersection between the theoretical blunting line and 
J-R curve. Providing that each Jc point meets the con- 
dition B 2 30 Jc /ay ,  J-R curves are thickness inde- 
pendent despite the unavoidable scatter, and Kdc rep- 
resents the lower bound toughness (Table 2). 
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