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a  b  s  t  r  a  c  t

The  9%  Cr  quenched  and  tempered  reduced-activation  ferritic/martensitic  steel EUROFER  97  is one of  the
candidates  for  structural  components  of  fusion  reactors.  Isothermal,  plastic  strain-controlled,  low-cycle
fatigue  tests  are  performed.  Tested  at room  temperature,  this  steel  suffers  a cyclic  softening  effect  linked  to
microstructural  changes  observed  by transmission  electron  microscopy,  such  as  the  decrease  of  disloca-
vailable online 17 April 2012

eywords:
artensitic steels

oftening behaviour
icrostructural evolution

tion density  inside  subgrains  or the  growth  of subgrain  size.  From  the  assumed  mechanisms  of softening
a  simple  mean-field  model  based  on  crystalline  plasticity  is proposed  to  predict  these  microstructure
evolutions  during  cycling  and  monotonic  deformation.

© 2012 Elsevier B.V. All rights reserved.
olycrystalline modelling

. Introduction

High-chromium ferritic/martensitic steels have been exten-
ively used because of their economical combination of good
echanical and corrosion resistance at elevated temperatures [1].

hese properties, in addition to their ability to resist the effects of
igh doses of irradiation, focused the interest on these alloys for
rst-wall and blanket structure components of fusion reactors. The
ulsed mode operation of fusion devices leads to cyclic loading at
igh temperatures of the structural materials during operation. This

atigue process may  be sufficiently severe to cause damage to the
aterial.
Although pronounced ageing does not produce marked changes

n the tempered martensite lath structure of the steels [2],  it is
vident from previous results [3] that continuous cycling pro-
uces changes in the microstructure and a marked cyclic softening.
his effect could become a significant engineering problem affect-
ng creep after precycling, swelling and segregation phenomena
uring irradiation. Although the origin of the effect and the kinet-

cs of the softening behaviour are not completely understood, it
s mainly attributed to two different microstructural evolutions:

he free dislocation density decreases, and also some Low-Angle
oundaries (LABs) disappear, during cycling, which explains sub-
rain size growth [4].  However, blocks do not suffer any structural

∗ Corresponding author. Tel.: +54 341 4808545; fax: +54 341 4853200.
E-mail address: giordana@ifir-conicet.gov.ar (M.F. Giordana).

921-5093/$ – see front matter ©  2012 Elsevier B.V. All rights reserved.
ttp://dx.doi.org/10.1016/j.msea.2012.04.038
change during cycling [5,6]. Several authors have studied the tem-
pered martensite lath structure in different steel types and have
observed the same microstructural evolution; i.e. Kunz and Lukás
[7], and Fournier et al. [8,9] worked with P91 steel, Ennis et al.
[10] and Giroux et al. [11,12] with P92, Armas et al. with MANET
II and F82H [3,13] and Marmy and Kruml [14,15] with EURO-
FER 97. A comparison of the cyclic behaviour between various
9–12%Cr steels is presented by Fournier et al. [16]. In any way,
the authors show that the cyclic softening effect is correlated with
the decrease of dislocation density and to the subgrain growth.
The softening seems to be intrinsic to the lack of stability of the
tempered martensitic structure whatever the chemical composi-
tion and heat treatment.The detailed analysis of the microstructure
evolution, the observation of the evolving surface and the measure-
ment of the mechanical properties leads to a better understanding
of the crack initiation and growth [17]. During the first part of the
fatigue life dislocations evolve to a stabilized characteristic inter-
nal structures. This is followed by the localization of the cyclic
plastic strain into bands; Fournier et al. show short slip bands
in the surface of P91 steel [18]. Kruml and Polák [19] show that
first fatigue cracks always nucleate along particular dislocation
structures; no nucleation event is found to be related to precipi-
tates, inclusions or other microstructural defects. Therein lies the
importance of the very detailed study of dislocation structure dur-

ing cyclic loadings for better understanding the damage produced
by fatigue. Furthermore, this analysis is the starting point for the
modelling of fracture of the surface oxide layer due to the alloy
deformation [20].

dx.doi.org/10.1016/j.msea.2012.04.038
http://www.sciencedirect.com/science/journal/09215093
http://www.elsevier.com/locate/msea
mailto:giordana@ifir-conicet.gov.ar
dx.doi.org/10.1016/j.msea.2012.04.038
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Table 1
Chemical composition of EUROFER 97 steel (wt.%).
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In addition, Fournier et al. [16], during their study of creep,
atigue and interactions, present the strong effect of precycling at
ery low amplitude on further creep. This problem is being exten-
ively studied [21,22],  finding that the coarsening of the dislocation
tructure due to cyclic deformation induces drastic reduction of
reep resistance. Therefore, consequences of cyclic loading, spe-
ially subgrain growth, are not only essential for studying fracture,
ut also they are important for predicting lifetime during creep
ests.

Recently, a micromechanical model has been proposed for pre-
icting both the microstructure evolution and the macroscopic
oftening of a rather similar material [11]. This model based on
he self-consistent Kröner homogenization model [23] is suitable
or elastic–plastic constitutive laws. The self-consistent scheme is
eferred to the problem of an inclusion embedded in an infinite
atrix. Each martensite block of the polycrystal is successively

egarded as an inclusion within the matrix made of all other blocks,
he behaviour of the polycrystal is then calculated by an average
rocess over all blocks. Based on the identified mechanisms of
icrostructure evolution determined by TEM observations, a mean

eld polycrystalline model is proposed to predict the microstruc-
ure evolution. Particularly, two different softening mechanisms
re taken into account: the decrease of the dislocation density
nside the subgrains and subgrain size growth. The subgrain growth
s mostly due to the disappearance of LAB dislocations. Using
hysical parameters, mainly determined by microstructural obser-
ations, modelling allows the prediction of the dislocation structure
volution which is compared to TEM observations.

. Material and experimental procedures

Plastic strain-controlled, low-cycle fatigue (LCF) tests are con-
ucted on EUROFER 97 using an electromechanical INSTRON
esting machine. Cylindrical specimens with two different geome-
ries are manufactured, type I of 8.8 mm diameter and 21 mm in
auge length and type II of 2.7 mm diameter and 6 mm  in gauge
ength. Tests are carried out in air at room temperature (RT) using
lastic strain ranges �εp = 0.2, 0.3, 0.6% for samples of type I and
sing total strain range �εt = 0.8% for type II, the total strain rate,

n both cases, is ε̇  = 2 × 10−3 s−1. The manuscript is based on the

ests performed with tests type I specimens. The results of type II
pecimens are performed by P. Marmy  at Centre de Recherches en
hysique des Plasmas, École Polytechnique Fédérale de Lausanne,
witzerland, and are used at the end of the article for comparison.

Fig. 1. (a) Tempered martensite structure of as-received samples after normal
Mn Ta B W N Fe

 0.47 0.14 <0.001 1.07 0.018 Bal.

The chemical composition of the material in weight percent
is given in Table 1. The thermal treatment consists of an austen-
itizing at 980 ◦C for 30 min  followed by air cooling and a final
tempering at 760 ◦C for 90 min  followed also by air cooling. The
resulting microstructure is tempered martensite with a crystallo-
graphic structure very close to the body centred cubic crystal (BCC)
due to carbide precipitation.

Specimens are examined by transmission electron microscopy
(TEM) using two  different microscopes, Philips EM 300 operat-
ing at 100 kV, for general structure, and Philips CM 200 operating
at 200 kV, for detailed microstructure studies. Several scales are
involved in the EUROFER 97 structure [24]: prior austenitic grains,
packet of blocks, block of laths, martensitic laths and subgrains,
Fig. 1(b). Electron back scattered diffraction (EBSD) measurements
show that the misorientation angles between laths or subgrains
from the same block are lower than 5◦. Furthermore, as can be seen
in Fig. 1(a), the structure inside each block is composed mainly of
many submicrometric equiaxed subgrains; the dislocation density
inside the subgrains is very high. The average block size measured
by EBSD is 3.1 �m.

The subgrain size is measured from TEM bright field micro-
graphs, by determining the area of each micrograph and counting
the number of subgrains within it, assuming the shapes of the
subgrains as circular disks. The experimental error in the measure-
ment of the subgrain size is estimated by calculating the standard
deviation (�) of the subgrain measures obtained from several
micrographs (about 10).

In order to determine the average value of the dislocation den-
sity inside subgrains, or free dislocation density, a mean linear
intercept method is adopted [26]. The free dislocation density value
is determined, in the as-received material as well as in the different
tested samples, using the following equation,

� = 2

∑
i

ni

t
∑

i

li

(1)

With t the local thickness of the thin foil, li the length of the plotted
segment i and ni the number of intersections between the segment

i and dislocations. The local thickness of the thin foils is assumed to
be 0.1 �m and the measurement error is estimated to be 25% [27].
This assumption was based on the idea that in thinner foils, dislo-
cations were not easily observed because of the bent of the sample,

ization and tempering treatment and (b) schematic microstructure [25].
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ig. 2. Cyclic softening curves obtained at RT using three different plastic strain
anges.

nd in thicker foils the transparency is not enough, even for a TEM
perating at 200 kV [28]. The evaluation of the experimental errors
s carried out according to Taylor [29]. More than 20 measures of
he density are carried out for each test condition. Therefore, the
rror for the measured free dislocation density is estimated by cal-
ulating the mean standard deviation (�N−1/2). An extra dispersion
f 10% in order to take into account the error that was  introduced
hroughout the estimation of the thickness of the sample.

. Experimental results

.1. Mechanical tests results

Fig. 2 shows the cyclic softening behaviour commonly observed
n EUROFER 97 fatigued at room temperature using three different
lastic strain ranges 0.2%, 0.3% and 0.6%. As can be seen in Fig. 2
he peak tensile stress of each hysteresis loop shows a continuous
oftening up to fracture, which is much more pronounced at the
eginning of the fatigue life. At the very beginning, a very short
ardening behaviour can be observed.

The maximum peak tensile stress for each curve is observed dur-
ng the first cycles. After this very short consolidation phase, the
yclic stress amplitude decreases rapidly. All the curves present
uite similar behaviours, that is, a transitional stage correspond-

ng to the first part of the fatigue life followed by an almost linear
econd stage (in a semi-log scale). The first stage depends on the
lastic strain range being shorter for the higher plastic strain range.

t should be noticed that no saturation of the softening is observed
n agreement with long term cyclic test results provided the plas-
ic strain range is not negligible. These ones concern either low
mplitude test in air [16], in-vacuum test [30] or in-sodium tests
31].

.2. TEM observations

Fig. 3(a–c) shows the characteristic subgrain structures for sam-
les fatigued up to fracture at room temperature with plastic
train ranges of 0.2%, 0.3% and 0.6%, respectively. Cycling at RT
nduces two visible microstructural evolutions [4].  First and the

ost evident, the free dislocation density decreases during cycling
compare Fig. 1 with Fig. 3). Some dislocations can be observed

ainly in small subgrains, suspected not to be deformed plastically,

r pinned by precipitates. Second, some LABs disappear during
ycling, which explains subgrain size growth.

Additional information about the relationship between the
yclic softening and the microstructure evolution, in the same or
 Engineering A 550 (2012) 103– 111 105

similar materials at room temperature, is possible to be found in the
literature [14,32]. These evolutions are in fact observed in all tem-
pered martensite ferritic steels, which produces cyclic softening,
particularly at high temperature.

4. Physically based modelling

4.1. Polycrystalline homogenization

A simple mean-field modelling based on crystalline elasto-
plasticity is applied in order to predict the polycrystalline cyclic
stress–strain curves (CSSCs). The crystallographic structure is body
centred cubic. Therefore, two families of slip systems are consid-
ered, {1 1 0} and {1 1 2} slip planes and <1 1 1> slip directions, which
all together represent 24 slip systems [33]. Simulations are carried
out considering a polycrystal composed of 100 crystals, or marten-
site blocks, with randomly distributed orientations. Based on the
Kröner model, the localization rule is given by the interaction law
as follows,

� =  ̇ + 2�(1 − ˇ)(Ep − εp) with  ̌ = 2(4 − 5�)
15(1 − �)

(2)

Here, � and  ̇ are respectively the local (i.e. in the considered block)
and macroscopic stress tensors; and εp and Ep are the local and
macroscopic plastic strain tensors; � is the Poisson’s ratio equal
to 0.3, and final, the shear modulus, measured experimentally, is
� = 82 GPa. Blocks are assumed to obey isotropic elasticity. The
Kröner localization rule uses the macroscopic elastic moduli for
describing the block/matrix interaction (thermo-elasticity frame-
work). This model gives reasonable results for low plastic strain,
and the macroscopic stress is overestimated by less than 15% for
macroscopic plastic strain range of 0.4% [34]. Kröner model is also
relevant for predicting the mechanical behaviour at RT, for which
no influence of the strain rate is observed. A similar model has been
used by Giroux et al. [11], for predicting cyclic softening but at high
temperature. Therefore, some extra considerations should be taken
into account.

For tempered ferritic/martensitic steels, the block of laths is
observed to be the smallest imbricated microstructural scale that
is stable during cycling. Therefore, modelling is carried out at block
scale. Each block of laths is considered as a phase with an almost
homogeneous crystallographic orientation. The model predicts the
mechanical behaviour of a block embedded in the matrix isotropic
composed of a large number of other blocks. Due to the fact that
during cycling almost all microstructural changes take place inside
blocks, homogenization modelling starts at the scale of blocks using
block average dislocation density and subgrain size; moreover,
mean block size is the upper limit for subgrain size growth.

4.2. Crystalline constitutive laws at block scale

Considering one block and the slip system i, the shear stress �i

is expressed in function of the projection of the local stress tensor
� on the ith slip system in the following way,

�i = � : (mi ⊗ ni) (3)

With mi is the slip direction and ni is the normal to the slip plane.
The critical shear stress �c, corresponding to the sum of the critical
shear stress on each of the 24 slip systems and required to activate
the plastic slip, is supposed to be the same for all slip systems. The
isotropic stress law is expressed as:√
c 0 e s

Where  ̨ is a constant equal to 0.3 for BCC crystals [35], �e and �s

are the free dislocation densities for edge and screw dislocations,
respectively, and b is the Burger’s vector module. In pure Iron, �0
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Fig. 3. Subgrain structure for samples fatigued up to rup

Table 2
Parameters and their value required for modelling.

T 293 K b 2.54 × 10-10m
k  1.38 × 10−23 J K−1 ye 2 nm [33]
�0 1013 s−1 [40] ys 50 nm [33]
�  82 GPa �0 2.4 × 1014 m−2 TEM measurements
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�  0.3 	0 2.5 EBSD measurements
˛  0.3 [31] d0 0.7 �m TEM measurements
Adjustable parameter: �0 100 MPa

s linked to the energy necessary for dislocations to move to the
ext Peierls’ valley [36] and to the solid solution effect. The Peierls
hermally-activated process mainly depends on temperature and
n viscoplastic strain rate. Nevertheless, even when the Peierls
tress is low at RT [36], a negligible value cannot be attributed to
0 because of the solid solution effect, see Table 2.

.2.1. LAB misorientation and subgrain size growth
During cycling, the dislocation density along the LABs is

ssumed to decrease only because of interactions with the free dis-
ocations (knitting reactions) [37]. For a given slip system i and a
iven dislocation type (edge or screw), the evolution of average
isorientation is expressed as:

˙ i
e = −	i

e
ye

b

̇i

e,cum and 	̇i
s = −	i

s
ys

b

∑
j  ∈ ˝


̇j
s,cum (5)

e (ys) is the athermal edge (screw) annihilation distance, equal
o about 6b (resp. 200b) for copper at room temperature [38]. The
alues of the annihilation distances depend on crystal material and
emperature. Concerning these parameters, a limited number of
tudies are available in literature and no measurements have been
erformed on 9% Cr tempered martensitic steels. Consequently, and
ue to the fact that, even at RT, the Peierls effect is low in the mate-
ial under study [36], the slip mechanisms of dislocations in BCC
tructure are considered to be similar to those in face centred cubic
tructure [37]. Then, using ye and ys corresponding to copper may
e suitable. Subgrain boundaries are here considered to be com-
osed of either edge or screw dislocation types in equal quantities.
heir corresponding misorientations (	i

e and 	i
s respectively) are
eighted values of the misorientation of each subgrain boundary
ype.

The decrease in average subboundary misorientation angle
n the material during deformation is predicted by modelling
ture at RT with �ε  = 0.2% (a), 0.3% (c) and 0.6% (c).

proposed in [39]. Following the dislocation dynamics computa-
tions of Holec and Dlouhy [40], when the misorientation angle
is lower than a critical value, interaction forces between LAB
dislocations and the M23C6 precipitates are too weak to preserve
LAB stability under stress loading. This leads to the disappearance
of the low-angle boundary. Taking into account the LAB precip-
itate feature of tempered martensitic/ferritic steels, the critical
misorientation angle is about 0.3◦ [40]. Based on the ratio of
vanished LABs [12], an estimation of subgrain growth is carried
out. Subgrains are modelled as cubes with edge length �0 and
LABs correspond to the faces of these cubes. In a given unit volume
homogeneously deformed in tension, the initial surface S0 per unit
volume made of low-angle boundaries is computed by:

S0 = 1

�3
0

�2
0

6
2

= 3
�0

(6)

The first term 1/�3
0 corresponds to the number of cubes in the con-

sidered unit volume, �2
0 is the surface of one low-angle boundary

and 6/2 is the number of faces per cube (two neighbour cubes share
the same face). The vanishing of a proportion � of LABs during
deformation is supposed to be quite isotropic. All subgrains are
assumed to remain cubic with a uniform increase in edge length
�. Then, annihilation of boundaries leads to a decrease in S0. In the
same way as Eq. (6),  the surface per unit volume filled with LABs,
S, can be computed as a function of the edge length � of the cube
after deformation:

S = 3
�

(7)

Then, the relationship between S0 and S is:

S = (1 − �)S0 (8)

4.2.2. Back stress–Bowing-out of a dislocation
In the as-received material, many mobile dislocations seem to be

straight lines, pinned at subgrain boundaries [41,42].  Under stress,
the resolved shear stress applied on a given slip system i induces the
bowing-out of these dislocations [43]. Fig. 4(a) shows a schematic
representation. During one cycle, the evolution of the local back

stress on each slip system is computed based on a simple tension
line model in dislocation microstructures [44,45].

Based on Fig. 4(a) it is possible to deduce a relationship between
the plastic slip, 
 , and the radius of curvature of the dislocation,
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ig. 4. (a) Scheme of a mobile dislocation pinned up at subgrain boundaries and bow
lip  system during cycling.

, in the following way. During the bowing-out, the Orowan for-
ula permits to express the plastic slip as a function of the mobile

islocation density �i
e + �i

s on the slip system i:

i =
(

�i
e + �i

s

)
lb (9)

here b is the Burger’s vector and l is defined as the area swept
y the dislocation divided by the subgrain size (d). The computa-
ion of this length in Appendix A allows us to deduce the following
elationship:

i =
(

�i
e + �i

s

)
b

d

[
R2arctg

(
4

R2

d2
− 1

)−1/2

− d

4

(
4R2 − d2

)1/2

]
(10)

In this equation R is the curvature radius of the dislocation
epending on the local shear stress.

Each element of the curved free dislocation is under equilibrium
etween the force resulting from the shear stress Fi = �ib and the
ension line T [46], which is different for edge and screw disloca-
ions [44]. Dupuy and Fivel [47] has shown that the critical shear
tress required to complete the bowing-out of a dislocation seg-
ent of a Frank-Read source weakly varies between a initially pure

dge segment and a pure screw one. Therefore, for the sake of sim-
licity an average value of the tension line for edge and screw is
sed (T ≈ 1/2�b2).

 = T

Fi
= �b

2�i
(11)

The local back stress xi acting on the slip system i is defined as
he stress induced by the tension line. Its value is thus given by:

i = �b

2R
(12)

elating the plastic slip and the back stress through the radius
f curvature (cf. Appendix B), the following equation is obtained,
resented here in the differential form:

ẋi =
2d

(
xi
)3 (


̇ i
e + 
̇ i

s

)(
�i

e + �i
s

)
b3�2

×

⎧ [ ]−1/2 [ ]−1/2
⎫−1
⎨

⎩1
2

�2b2(
xi
)2

d2
− 1 − arctan

�2b2(
xi
)2

d2
− 1

⎬
⎭ (13)
ut under shear stress �; (b) scheme of a Frank-Read source on an arbitrarily selected

4.2.3. Dislocation density evolution
For a given slip system i, the difference in the behaviour of edge

and screw dislocations leads us to express the variation of density
of free edge and screw dislocations separately, as a function of the
plastic slip (
). First, the rate of production of dislocations during
cycling is determined, and then the rate of annihilation of disloca-
tions for a plastic slip rate 
̇ . To study the production of dislocations,
the Frank-Read source activation during four different steps is con-
sidered. The hysteresis loop presented in Fig. 4(b) is divided into six
parts, two of them correspond to the elastic parts, and no disloca-
tion glide occurs during these periods. Parts 1 and 4 are in tension,
and 2 and 3 are in compression. For the sake of simplicity, any
microplasticity mechanism is neglected during macroscopic elastic
loadings and unloadings.

During part 1, the usual activation of the Frank-Read source
takes place and the rate of production of edge dislocations could
be written as follows [38]:

�̇i+
e = 2

bd

̇i

s (14)

The hypothesis which consists in describing the dislocations as pure
edge or pure screw leads us to model the loops as squares or rectan-
gles. In this case, when the screw dislocations glide ( 
̇ i

s), the length
of the edge dislocations is increased ( �̇i+

e ). During part 2, it is con-
sidered that the dislocations come back to the source, annihilating
one another. The sign of the applied shear stress on a given slip sys-
tem changes depending on time (tension or compression parts). It
induces a modification of the sign of glide and so, a variation of the
terms of production of dislocations. Parts 3 and 4 are described in
the same way as parts 1 and 2, even when the bowing-out of the
dislocation occurs in the opposite direction.

During plastic slip on an activated slip system i, two parallel
free dislocations can annihilate together if their Burger’s vectors
are opposite and if their inter-spacing distance is lower than the
critical spontaneous annihilation distance. The rate of annihilation
of parallel and opposite dislocations, for the four different parts, is
expressed by Essmann and Mughrabi [38] in the following way,

�̇i−
e = −2

ye

b
�i

e
̇ i
e,cum (15)

Then, for the total evolution of edge dislocation density it is

obtained,

�̇i
e = �̇i+

e + �̇i−
e = 2

bd

̇i

s − 2
ye

b
�i

e
̇ i
e,cum (16)
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observations [49] show that most of the free dislocations seem to
be close to screw ones. The results of this study show that the pre-
dictions are rather stable with respect to these variations. As an
example, Fig. 6 shows three different predictions for the evolution
Fig. 5. Comparison between experiments and simulation: first stres

or screw dislocations, the formula is more complex because of the
umber of slip planes that have to be considered for a given Burger’s
ector:

˙ i
s = �̇i+

s + �̇i−
s = 2

bd

̇i

e − ys

b

⎛
⎝
̇ i

s,cum

∑
j ∈ ˝

�j
s + �i

s

∑
j ∈ ˝


̇j
s,cum

⎞
⎠ (17)

Dislocation annihilation in a given slip system i leads to the van-
shing of two parallel and opposite dislocations, which is modelled
y the factor 2 in Eq. (15). For screw dislocations in BCC crystals, the
urger’s vector and slip direction are parallel. Consequently, from

 computation point of view, a screw dislocation belongs to six slip
ystems. This set of 6 slip planes is designed by ˝.  This method is
haracterized by a careful treatment of the annihilation of screw
islocations, more evolved than in previous developed model [9].

One of the characteristics of the previous equations is the cou-
ling edge glide and screw production and vice versa, which is only
arely taken into account.

.3. Parameter values

The crystal plasticity constitutive laws are based on: the Schmid
riterion, Eq. (3),  the Taylor equation, Eq. (4),  and the kinematic
tress hardening evolution law, Eq. (13). Therefore, block behaviour
ould be considered as elastic–plastic in agreement with test results
howing a negligible strain rate effect at RT. The identification of
he parameters is carried out in three different steps. In the first
ne, the material parameters (�, �, �0, ˛, k, b, ye, ys) have been
stimated from literature or from simplifying assumptions. In the
econd step, the initial dislocation density and sub grain size (�0,
0) are estimated from our extensive experimental TEM measure-
ents. As well, the mean initial misorientation value inside blocks

	0) is measured thanks to electron back scattered diffraction made
t Commissariat à l’Énergie Atomique, SRMA, CEA France. Finally,
n the last step, the �0 value (Eq. (4))  is adjusted. Instead of taking �0
qual to zero as it was done by Giroux at 550 ◦C [11], this parame-
er has been adjusted in order to reproduce, as best as possible, the
rst quarter of the first cycle at RT. At room temperature, the solid
olution and precipitate effects are indeed no longer negligible. The
et of parameters and their values are summarized in Table 2.

. Results and discussion

.1. First loops and monotonic behaviour

The optimization of the �0 parameter is carried out using only

he first loop at a plastic strain range of 0.6%. Thus, in order to
alidate the proposed modelling, tests using plastic strain ranges
.2% and 0.3% are simulated and compared to experimental data.
ig. 5 shows the results of modelling for the first cycles. Although
in loops using plastic strain ranger of (a) 0.2%; (b) 0.3% and (c) 0.6%.

only one parameter has been adjusted (�0), predictions are in good
agreement with experimental stress–strain curves.

In addition, a tensile test is carried out up to 8% of deformation,
obtaining a predicted curve, which fits well with the experimen-
tal one. Furthermore, it is known from previous TEM observations
results [48] that under monotonic loading at RT, EUROFER 97
does not present evolution of the microstructure up to 1.5% of
deformation. The predicted mean subgrain size, in agreement with
experiments, is rather constant up to 2%. The results for the evolu-
tion of free dislocation density are also acceptable, but it depends
slightly on the percentage of initial screw dislocation density as
well as on the annihilation distances. Higher cumulated plasticity
is needed for predicting non negligible microstructure evolutions.

5.2. Stability with respect to parameter values

Using a physically-based modelling allows us to avoid using
more than one or two  adjusted parameters. However, not all of
the other parameter values are perfectly known. In some cases,
only the range to which the parameter belongs is known. Conse-
quently, it is critical that a slight change in the parameter values
does not lead to large differences in predicted results. Therefore,
a study of the stability of the predictions with respect to some
other parameter values is made. Computations are carried out
using different values, following the literature review, for the fol-
lowing parameters: ye ∈ (1 nm − 5 nm), ys ∈ (25 nm − 100 nm) [39],
�0 ∈ (0 MPa  − 150 MPa), 	0 ∈ (2◦ − 3◦) (measurement error: ±0.5◦)
and �s ∈ (�t/2 = 1.2 × 1014 m−2 − �t = 2.4 × 1014 m−2) [49]. TEM
Fig. 6. Stability of the prediction of subgrain growth with respect to the partition
between edge and screw dislocations.
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Fig. 7. Predicted and experimental microstructural evolu

Table  3
Microstructural evolution predicted by modelling for two different tests, one up
to  500 cycles and the other one up to rupture, and comparison with experimental
values.

Number of cycles 0 500 14000
��p (%) 0.2 0.2 0.2
dexp (�m)  0.7 ± 0.1 0.9 ± 0.2 1.1 ± 0.2
dpred (�m) 0.7 0.8 0.9

o
f
d
r
o
o
g
d
t
S

5

b
p
c
o
s
s
N
a
f
s
m
f
c
m

T
S
u
[

�exp (1014 m−2) 2.4 ± 0.9 1.0 ± 0.4 0.5 ± 0.2
�pred (1014 m−2) 2.4 1.7 1.6

f the mean subgrain size. In the first one it is considered that the
ree dislocation population is equally divided into edge and screw
islocations, in the second case the screw dislocation density rep-
esents the 75% of the total free dislocation density, and the last
ne takes into account only screw dislocations following some TEM
bservations [49]. As it is showed in Fig. 6, the prediction of the sub-
rain size is stable with respect to the variation in free dislocation
ensity partitioning. Increasing screw dislocation density by a fac-
or 2 leads to a variation in the final subgrain size lower than 1.5%.
imilar results are obtained with all the other parameters.

.3. Microstructure evolutions

The fatigue life of the material is modelled, taking into account
oth the back stress and dislocation density evolution laws pro-
osed in Section 4. Results are represented in Table 3. Two different
ases are taken into account, one cycled up to N = 500 and the
ther one cycled up to N = 14000, this last one corresponds to the
ample fatigued up to rupture. Predictions for the mean subgrain
ize underestimate slightly the value obtained experimentally. For

 = 500, the subgrain size is underestimated in approximately 10%,
nd for rupture test, the underestimation is near 20%. Nevertheless,
ollowing the observations of samples type II, Table 4, no substantial
ubgrain size growth is visible [14], therefore, there is an overesti-
ation of the results. Thus, modelling gives reasonable predictions
or the evolution of the subgrain size during cycling. That is not the
ase for dislocation density evolution; the values obtained experi-
entally are far away from the ones predicted. So, modelling has to

able 4
ubgrain size predicted by modelling and comparison with the values measured
sing the specimens tested by Marmy  and Kruml using a total strain range 0.8%
14].

Number of cycles 0 6100
��t (%) 0.8 0.8
dexp (�m)  0.7 0.9
dpred (�m) 0.7 1.0
tions: (a) subgrain size and (b) dislocation density.

be improved to describe more properly the decrement of free dis-
location density. Nevertheless, for P91 steel Kunz and Lukás [50]
do not observe strong dislocation density evolutions at RT. And the
predicted evolutions once more underestimate the evolutions that
we observed but overestimate the ones observed by other authors.

Fig. 7 shows the comparison between the predicted and experi-
mental microstructural evolutions. In the case of subgrain size, even
if the final value is slightly underestimated, the evolution during
cycling is quite well reproduced by modelling. For dislocation den-
sity evolution, the results clearly show an overestimation of the
mean value obtained for EUROFER 97. Nevertheless, the striking
feature of Fig. 7 is that experimental and predicted evolutions are
qualitatively similar with a quick decrease at the beginning and
then continuous but lower evolution. It is important to notice that,
the decrease in dislocation density during cycling, is significant
when considering our measured values, which are corroborated
qualitatively with observations of sample type II. However, in sim-
ilar materials, such as P91, this evolution is not as marked as the
one observed in EUROFER 97. Further work is required for taking
into account the initial microstructure data of each material which
are required for predicting microstructure evolutions.

Work is in progress in order to use the Hill–Hutchinson mean-
field homogenization modelling [51,52] to obtain more accurate
predictions. Rachdi and Sauzay [34] used this modelling for pre-
dicting, and the finite elements full-field computation results show
that the HH modelling overestimates the macroscopic stress by less
than 6%, even for macroscopic plastic strain amplitude of 1%. In
any case, no significant difference is expected at low plastic strain.
Other main implement will concern fracture modelling, improving
predictions of the fatigue/creep lifetimes, predictions of the plas-
tic behaviour for studying oxide fracture and crack-resharpening.
The prediction of creep behaviour of precycled specimen may  be
carried out using similar modelling and the results of previous sim-
ulations as input data. In addition, some other aspects related to
dislocation movements, such as climb, are going to be taken into
account in order to improve the prediction for high temperature
tests. Furthermore, a localization law adapted from the approach
of Molinari et al. [53] will be implemented in the model in order to
better approximate the viscoplastic behaviour of these steels.

6. Conclusions

Low-cycle fatigue tests using three different plastic strain

ranges (0.2%, 0.3% and 0.6%) are carried out at room temperature
on EUROFER 97 steel. Experimental results show a pronounced
cyclic softening, which is accompanied by microstructural changes,
such as the decrease of the dislocation density inside blocks and
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he disappearance of low-angle boundaries. The major effect
roduced by cycling at room temperature is a “cleaning out” of the
islocations inside the subgrains.

Simulations are carried out considering that the crystallographic
tructure of the material is body-centred cubic, which leads to
onsider 24 slip systems. In addition, it is supposed that the free dis-
ocation density is equally divided into edge and screw types; and it
s taken into account that the polycrystal is composed of 100 crys-
als, or martensite blocks, with randomly distributed orientations.
ased on the Kröner model, the homogenization modelling gives
easonable predictions for tensile loading, as well as for the first
ycles, for EUROFER 97 at 20 ◦C. In agreements with tensile load-
ng experiments, the predicted microstructure evolutions do not
resent marked changes up to 1.5% of deformation. Modelling gives
easonable predictions for the evolution of the subgrain size during
ycling. However, the decrement in the free dislocation density is
nderestimated with respect to our measured values but close to
ther experimental data. The predictions have been shown to be
nly weakly dependent on the main material parameters provided
hey belong to a physically-based range of variation.
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ppendix A. Calculation of the geometrical factor (l) from
rowan’s law

The geometrical factor l is given by the area enclosed by the
islocation line divided by d (distance between the LABs),

 = area
d

(A1)

Based on Fig. A1,  a simple geometrical consideration leads us to
ink the area swept by the dislocation, the radius of curvature R, the
lip length h and the angle 	 by:

rea = 	R2 − d

2
(R − h) (A2)

The 	 angle is deduced from Fig. A1:
 = arctg
(

d

2 (R  − h)

)
(A3)

ig. A1. Area enclosed by the dislocation (initial position and position under stress).
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Considering that the slip length has to be lower than R, it is
deduced from the Pythagoras’ theorem:

h = R − 1
2

√
4R2 − d2 (A4)

This allows finally the computation of the slip area using Eq.
(A2),

l = area
d

= 1
d

[
R2arctg

(
4

R2

d2
− 1

)−1/2

− d

4

(
4R2 − d2

)1/2

]
(A5)

Appendix B. Back stress differential equation

Taking account of Eq. (12), the radius of curvature is expressed
as follows,

R = �b

2xi
(B1)

Replacing Eq. (B1) into Eq. (10),


i =
(

�i
e + �i

s

)
b

d

{(
�b

2xi

)2

arctg

[(
�b

dxi

)2

− 1

]−1/2

− d

4

[(
�b

xi

)2

− d2

]1/2
}

(B2)

Assuming that mobile dislocations densities and subgrain size
do not change during an infinitesimal variation in time, the time
derivation of Eq. (B2) gives,


̇ i =
(

�i
e + �i

s

)
b3�2

2d

ẋi(
xi
)3

{
1
2

[(
�b

dxi

)2

− 1

]−1/2

−arctg

[(
�b

dxi

)2

− 1

]−1/2
}

(B3)

From Eq. (B3) it is possible to obtain ẋi as a function of the shear
strain rates as it is expressed in Eq. (13).
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