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a b s t r a c t

We report a study of the structure-processing-property relationships in a high strength Al93Fe3Cr2Ti2
nano-quasicrystalline alloy and composites containing 10 and 20 vol% ductilising pure Al fibres. The
superimposed contributions of several different strengthening mechanisms have been modelled analy-
tically using data obtained from systematic characterisation of the monolithic alloy bar. An observed
yield strength of 544 MPa has been substantiated from a combination of solid solution strengthening,
work hardening, precipitation hardening and Hall-Petch grain size dependent effects. These materials
have been shown by other authors in previous published work to be highly sensitive to the size dis-
tribution of particles in the powder from which they are made, and the subsequent thermomechanical
processing conditions. The processing condition employed in this study provided micron-sized grains
with a strong [111] preferential orientation along the extrusion direction and a bimodal size distribution
of the icosahedral nano-quasicrystalline precipitates. Both were deemed to be a significant contributor to
the high yield strength observed. The addition of pure Al fibres was found to decrease the yield strength
linearly with increasing Al content, and to augment the ductility of the composites.
& 2016 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).
1. Introduction

Novel, high performance aluminium-based alloys with nano-
scale dispersoid phases offer exceptional mechanical properties,
far superior to conventional aluminium alloys, making them at-
tractive for widespread use in automotive and aerospace applica-
tions. In particular, nano-quasicrystalline Al-based alloys, pro-
duced through a rapid solidification process, have shown excellent
tensile and specific strength properties [1–3]. However, their use
has been limited by temperature sensitivity both during service
and thermo-mechanical processing and the variation in perfor-
mance depending on the bulk processing route used. Galano et al.
[4] demonstrated that the addition of Ti, V, Nb or Ta alloying
elements improves the thermal stability of the icosahedral phase
within Al-Fe-Cr alloys in melt-spun ribbons.

Rapid solidification can be achieved by a number of methods,
however gas atomisation is one of the few methods that can be
used on an industrial scale. The influence of processing parameters
r B.V. This is an open access article
during consolidation and their effect on the mechanical properties
of the extruded material have been tested on nano-quasicrystal-
line Al93Fe3Cr2Ti2 at% alloy by Todd et al. [2]. They found that in-
creasing the extrusion ratio of 25–50 mm powders from 10:1 to
14:1 at 400 °C provides a o3% increase in yield strength. De-
creasing the powder particle size from 50 to 100 mm to 25–50 mm
caused a much more substantial �35% increase in yield strength
during quasi-static, room temperature tensile tests. It is worth
mentioning that Todd et al. [2] found a larger proportion of qua-
sicrystals in the powder sizes between 25 and 50 mm than in the
50–100 mm range.

Systematic studies of nanostructured Al-based melt-spun rib-
bons to assess the resulting tensile strengths were conducted at
room temperature by Audebert et al. [5] and at 350–500 °C by
Galano et al. [3]. Each study suggested that the outstanding me-
chanical properties of the alloys were due to the combined effect
of solid solution strengthening, particle dispersion and grain re-
finement strengthening. The influence of each strengthening me-
chanism on the resulting behaviour was not quantified in these
studies. However, a study was performed on an
Al92.4Fe1.2Cr3.3Ti2.4Si0.7 at% alloy produced by powder metallurgy
under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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and extruded at 450 °C from powder particles sizes o45 mm. The
authors found that the Hall-Petch effect was the most dominant
mechanism [6]. Vojtěch et al. [6] found that the Orowan
strengthening effect was the next largest contributor, whilst solid
solution strengthening was deemed to be negligible due to the hot
processing method used. This assumes that a low solute content is
retained in solid solution in the matrix following rapid solidifica-
tion, heat treatment and thermal-mechanical processing.

Whilst the specific mechanical strength of nano-quasicrystal-
line Al93Fe3Cr2Ti2 at% alloys is far superior to any current com-
mercial Al-based alloys, their ductility and strain to failure have
thus far proven inferior. Nagy et al. [7], working with bars made by
cryomilling a melt-spun Al94V4Fe2 (at%) alloy with o1 mm pure Al
powder then extruding at 420–450 °C, improved the overall duc-
tility of the composites in comparison to the monolithic Al94V4Fe2
alloy. In the present work, the correlation between the micro-
structure and mechanical properties of bulk processed nano-qua-
sicrystalline Al93Fe3Cr2Ti2 at% alloy and composites with 10 and
20 vol% pure Al ductilising fibres has been investigated. A suite of
multi-scale characterisation and mechanical testing tools have
been used to quantify the contributions of different strengthening
Fig. 1. X-ray tomography micrographs showing the distribution of pure Al fibres (dar
nominally 20%, 10% and 0% fibres. Longitudinal sections parallel (indicated by an arrow)
are 3D cubes reconstructed and segmented from the tomography data. Fibres are render
green. The size of the rendered cubes is 74�74�74 mm3.
mechanisms to the overall strength of the alloy, then the rule of
mixtures was used to predict the strength of the composites.
2. Experimental procedure

Gas atomised powder of nominal chemical composition
Al93Fe3Cr2Ti2 and commercially pure Al powder were provided by
Alpoco Ltd. and sieved to o25 mm. The powders were then
weighed, mixed and packed into an Al can without prior com-
paction or degassing and extruded at CENIM, Madrid. Extrusions
were performed at 380–400 °C, with a ram velocity of 0.3 mm/s
and an extrusion ratio of 14:1. The conditions were selected based
on the study performed by Todd et al. [2]. This process produced
three bars �1 m long and 12 mm in diameter prior to the removal
of the extrusion can from each surface.

To visualise fibre distributions in 3D and to assess the content
of residual porosity present in the samples, synchrotron X-ray
micro-tomography was performed at the TOMCAT beamline at the
Swiss Light Source (SLS). Two samples of size 1 mm diameter of
each material containing nominally 0, 10 and 20 vol% pure Al fibres
k grey) within the Al-Fe-Cr-Ti alloy matrix (lighter grey) for samples containing
and cross sections perpendicular to the extrusion direction are shown. Also shown
ed in translucent red, whilst voids (visible in the “20% Fibres” data) are rendered in
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were examined. The incident beam was monochromatised to a
photon energy of 20 keV. Near field radiographs were collected
using a 20 mm thick YAG: Ce scintillator coupled to an optical
objective lens, resulting in a field of view of 1.5�1.5 mm2 and a
nominal pixel size of 0.74�0.74 mm2. For each scan 1201 projec-
tions were collected over a 360° rotation with an acquisition time
of 700 ms per projection. Fig. 1 shows reconstructed micrographs
of the imaged samples, sectioned parallel and perpendicular to the
extrusion direction. Representative volume rendered reconstruc-
tions of the samples show the distribution of fibres (red translu-
cent) and voids (green), whilst the matrix is not displayed.

X-Ray diffraction (XRD) was performed on each bar to identify
the phases present, using a Philips 1810 θ–2θ diffractometer with
Cu-Kα radiation. Scans covered 2θ angles from 20 to 100° (scat-
tering vector Q between 1.4–4.0 Å�1) with a tube voltage of 35 kV,
current of 50 μA and a scanning step size 0.02°.

Electron backscatter diffraction (EBSD) was performed on sec-
tions of the monolithic alloy bar in a JEOL 6500F microscope
equipped with an EBSD detector and TSL OIM software. A working
distance of 15 mm was used, the samples were tilted at 70°, op-
erating at a beam current of 13 nA and a voltage of 15 kV. To
provide the best Confidence Index when fitting the diffraction
patterns, the camera was used with 1�1 binning and an acqui-
sition time of 0.94 s per pattern. A binned pattern size of 120, a
peak symmetry of �0.55 and a rho function of 83% were used.
Grain size was determined from the mean and standard deviation
of the collected data.

Transmission electron microscopy (TEM) was performed on the
monolithic alloy bar, using a Gatan dimple grinder and Gatan
Precision Ion Polishing System for sample preparation. Specimens
of the alloy powder prior to extrusion were prepared using a Zeiss
NVision 40 focused ion beam, by milling and lifting out sections of
powder particles. Each specimen was examined using a Philips
CM20 W-filament microscope with an Oxford Instruments Energy
Dispersive X-ray detector (EDX). Diffraction patterns were ob-
tained, however, very often the particles present in the micro-
structure were too small to use the smallest selected area aperture.
Convergent beam diffraction had to be performed using the
smallest spot sizes, which, when converged, allowed diffraction
patterns to be taken from microstructural features as small as
�40 nm. From the micrographs acquired, particle size distribu-
tions were determined through manual measurements. Auto-
mated measurements were deemed unreliable due to higher error
margins arising from particle overlap, thickness fringes and dif-
fraction effects being incorporated into the measurements. Sam-
ples were tilted to check for particle overlap and ensure accuracy
of the measurements.

Particle size distributions and mean size were obtained by fit-
ting the measured particle sizes with a Gaussian function using
Origin 8.5.1 software. A minimum of 120 measurements per-
formed on various locations of one 3 mm disc sample were used
for the fitting with full width half maximum values used as the
associated particle size spread. The matrix compositions of each
specimen were measured by TEM-EDX, with the values presented
here obtained by taking the mean value from a minimum of 10
measurements.

Vickers microhardness measurements were made on the ex-
truded monolithic alloy bar and composites using a load of 500 g
applied for 20 s. Reported results are mean values 7 standard
deviations calculated for 25 indents measured. Indents were
4150 mm in diameter and are therefore considered representative
of the overall microstructure as each would encompass several
grains and quasicrystalline particles. Finally, tensile tests were
performed at room temperature using an Instron servo-hydraulic
mechanical tester by Westmoreland Plc at a strain rate of
1�10�4 s�1. The strain was measured by means of an
extensometer. The samples size was selected following ASTM E 8/E
8M – 08 standard, using the sub-size specimen 4 specification with
a gauge length 16 mm and diameter 4 mm.
3. Results

X-ray tomography micrographs displayed in Fig. 1 show cross
sections and longitudinal sections of the Al93Fe3Cr2Ti2 alloy sam-
ple and the composites with 10 and 20 vol% fibres. The extrusion
process fully consolidated the monolithic alloy bar leaving no
evidence of residual porosity. Some pure Al contamination – about
0.35 vol% – was detected, originating from the standard industrial
practice of cleaning the atomiser with pure Al between runs of
different alloys. The contamination appears to be randomly dis-
tributed throughout the sample, and is particularly evident in the
3D rendering. In both composite samples, a distribution of short
pure Al fibres is visible, aligned along the extrusion direction in
the longitudinal section, o200 mm in length and o50 mm in
diameter. Both the cross section and 3D rendering volumes show
that the Al fibre distribution is uniform within the matrix in-
dicating that the original powders were well mixed before extru-
sion and no clustering of the Al fibres occurred. The difference in
strength between the pure Al and quasicrystalline Al-Fe-Cr-Ti alloy
powders noticeably affects the shape of the fibres. In the pure alloy
bar and the bar with 10 vol% pure Al fibres large amounts of plastic
deformation from the extrusion procedure, results in the fibres
adopting more linear, elongated shapes. As the strength of the
composite decreases with the addition of 20 vol% pure Al, the
plastic deformation experienced by the fibres is reduced, allowing
them to maintain a more convoluted morphology. A porosity of
2�10�4 vol% was observed only in the composite sample con-
taining 20 vol% fibres.

The phases present in each material have been identified using
X-ray diffraction, as shown in Fig. 2. The reflections present for the
pure Al powder are identified as α, with evidence of this phase
present in the Al alloy powder, bar, and samples with the Al fibre
additions. For samples containing Al-Fe-Cr-Ti, the icosahedral
quasicrystalline phase is present, with reflections strongest for the
Al-Fe-Cr-Ti powder sample. The reflections of the icosahedral
phase have been indexed following the work of other authors [4].
An additional peak at 2.4 Å�1 present in the diffractogram of the
Al-Fe-Cr-Ti alloy powder was assigned to the metastable θ-Al13(Cr,
Fe)2–4. This phase has been reported to have a distorted monoclinic
crystal structure produced by rapid solidification [8–11], and
therefore expected following the gas atomisation procedure used
for the production of this sample. Due to overlaps only one re-
flection is observed, therefore unambiguous determination of this
phase is difficult. However, its presence is expected in small vo-
lume fractions with its strongest peak (8̅20) overlapping with the
FCC-Al (200) peak, the second strongest reflections the ( 4̅24) and
(331) overlapping with two icosahedral peaks. The (1̅31) reflection
in the position observed here, so the highest intensity peak which
does not overlap with other reflections. Following extrusion at
380–400 °C, the reflection at 2.4 Å�1 from the θ-Al13(Fe, Cr)2–4
phase can no longer be distinguished, indicating this phase is no
longer present. The warm extrusion process did not cause the
decomposition of the icosahedral phase, which is consistent with
previous studies in which an extrusion temperature of 400 °C was
used [2].

Microstructural analysis by TEM was utilised to confirm the
phases observed by XRD and observe their distribution within the
FCC-Al matrix. Fig. 3(a) and (b) show bright field TEM micrographs
and the five-fold symmetry convergent beam diffraction pattern of
the icosahedral phase presents in Al-Fe-Cr-Ti alloy atomised
powder and (c) and (d) show the same for the extruded bar. Both



Fig. 2. X-ray diffractogram of the pure o25 mm Al-Fe-Cr-Ti alloy and pure Al powders and a longitudinal section of the warm extruded bars of Al-Fe-Cr-Ti alloy and
composites with 10 vol% pure Al fibres and with 20 vol% pure Al fibres, showing α-Al and the i-icosahedral phase. The reflection at 2.4 Å�1 was assigned to the metastable θ-
Al13(Fe-Cr)2–4 phase.
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the as-atomised powder and the extruded bar contain icosahedral
quasicrystalline particles embedded in the α-Al matrix. Qualita-
tively, no noticeable size difference after warm extrusion was
observed for the icosahedral particles, however, no attempts were
made to measure accurate particle size distributions in the as-
atomised powder. The measured chemical composition of the α-Al
matrix by TEM-EDX before and after extrusion was shown to be
similar (Table 1). In each case, a higher solute content than the
equilibrium solid solubility of Fe, Cr and Ti in Al was found even
after thermal – mechanical forming through extrusion between
380 and 400 °C [12,13].

Several authors have performed independent characterisation
of extruded bars and melt-spun ribbons of alloys similar to the one
used in this study and have reported the presence of icosahedral
phase dispersoids in the α-Al matrix, though with small fractions,
varying size and compositions of other intermetallics phases pre-
sent. These include evidence of Al13Fe4 and Al13Cr2 [8], metastable
θ-Al13(Fe, Cr)2–4 [8–11], Al6Fe [14,15], Al23Ti9 [1,2], or Al3Ti [14,15].
In the combined XRD and TEM results, with the exception of the θ-
phase in the X-ray diffractogram of the alloy powder, none of these
or any other intermetallics were observed.

Icosahedral particle size distributions were measured in the
extruded bars, with over 120 diameter measurements taken and
plotted against the relative frequency in Fig. 4. Following the
method outlined by Ashby [16], stereology structure factors were
calculated assuming all particles were spherical and that mea-
surements were obtained from planar surfaces. The particle sizes
were calculated by using:

=
( )

r r
3
2 1v s

where rs is the mean radius of intersection with a 2D planar sur-
face, rv is the 3D particle radius. The number of particles inter-
secting a unit area Ns was then measured and used to calculate the
volume fraction, f, using

π= ( )f N r
2
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The mean planar centre-to-centre particle separation 2Rs (also
referred to as λ) was calculated using the necessary approximation
of assuming particles are arranged at locations equivalent to atoms
on an FCC lattice [16].
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The icosahedral particle size distribution was found to be bi-
modal, with mean particle radii r1¼43 7 6 nm and r2¼129 7
6 nm. Using the equations described above, volume fraction and
the inter-particle spacing was calculated for both the larger and
smaller particle radii. For r1, the partial volume fraction was f1
¼0.15 and 2 Rs1¼1.8�10�7 m. For r2, the partial volume fraction
was calculated to be f2 ¼0.26 and 2Rs2 ¼4.12�10�7 m. The
overall volume fraction, assuming the contributions from each
distribution of quasicrystalline and intermetallic particles could be
added linearly, was calculated as f ¼0.41. This result appears
consistent with previously reported values of f¼0.42 [5] in melt-
spun ribbons of the same composition, and the value from Inoue
et al. [17] who measured f¼0.45.

EBSD measurements showed evidence of “bands” of equiaxed
grains and sub-grains separated by low angle (o15°) boundaries
along the extrusion direction (Fig. 5a). As an approximation, the
area of each grain was measured and equivalent diameter values
were calculated assuming each grain can be approximated as a
sphere. These measurements represent planar surface diameters.
The geometric method used to extrapolate 3D grain sizes from 2D
surface measurements, as given by Eqs. (1)–(3), was originally
developed by Ashby [16] to describe the structure factors of par-
ticles in a matrix. The geometric similarity between grains and
precipitates enables each of their diameters and volume fractions
to be treated in the same manner [18]. Fig. 5(a) shows the data
collected represented as an inverse pole figure map. However for
grain size calculations, any apparent “grains” smaller than 400 nm
were assumed to be noise in the EBSD maps as that is the smallest
grain size and/or subgrain size that could be observed from the
TEM sample analysed. Using these parameters, the mean and
standard deviation were calculated to be ds¼ 0.9770.3 mm. Fig. 5
(b) shows the inverse pole figure obtained from the EBSD scan,
which indicates that after extrusion the sample has a preferred
grain orientation (texture) along the [111] direction.

Vickers microhardness was measured along the extrusion di-
rection of the monolithic alloy, obtaining a value of
mHV500¼20772. The composites with 10 and 20 vol% fibres were



Fig. 3. Bright field TEM micrographs of a single as-atomised powder particle illustrating (a) the overall microstructure and (b) icosahedral phase with its characteristic
convergent beam diffraction pattern from a five-fold axis orientation. Bright field TEM micrographs of the consolidated bar after extrusion at 400 °C showing (c) the overall
microstructure and (d) icosahedral phase with its corresponding five-fold convergent beam diffraction pattern.

Table 1
solid solubility of Fe, Cr and Ti in Al at 400 °C taken from the literature [12,13]
compared to the composition of the bars and the powder.

Maximum Ex-
trusion Temp

Matrix composition at%

Al Fe Cr Ti

Equillibruim Solid Solu-
bility in Al at 400 °C

At 400 °C – 0.02 0.18 0.032

Powder n/a 98.2 0.2 0.3 1.4
Al-Fe-Cr-Ti 400 98.2 0.2 0.4 1.3
þ10 vol% Al 388 98.2 0.4 0.2 1.3
þ20 vol% Al 389 98.1 0.2 0.4 1.3
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measured to be mHV500 ¼ 17376 and 140 7 9 respectively. Other
authors measured the micro hardness of the same monolithic al-
loy: Todd et al. [2] found for a Al93Fe3Cr2Ti2 alloy extruded from
the same powder size and extrusion temperature, though with an
extrusion ratio of 10:1 instead of 14:1, the microhardness was
mHV25¼17279. Galano et al. [3] observed a high microhardness of
mHV100¼351 for melt-spun ribbons of the same nominal chemical
composition. These hardness values are significantly higher than
those of commercial high strength Al-based alloys, such as HV ¼
172 for 7075 T6, and HV¼155 for 2024 T86 [19].

Tensile engineering stress-strain curves are shown in Fig. 6a,
where data were acquired at a strain rate of 1�10�4 s�1 on dog-
bone shaped threaded specimens. The results of the quasi-static
tensile tests gave 0.2% proof stress average values of 544 MPa for
the monolithic pure alloy bar and 481 and 411 MPa for the com-
posites containing 10 and 20 vol% pure Al fibres. The strain to
failure was also found to increase from 0.064 in the pure alloy bar
to 0.074 for both the composites with 10 and 20 vol% pure Al fi-
bres. Young's moduli were measured at 69 GPa for the pure alloy
and 66 GPa (10% fibres) and 56 GPa (20% fibres). Each test was
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repeated twice and the stress and strain error range (scatter) was
found to be o0.02%. Both the yield strength and UTS of the
composites were found to decrease linearly with increasing vo-
lume fraction of pure Al fibres, as shown in Fig. 6b.
Fig. 6. (a) Quasi-static tensile engineering stress-strain curves obtained from the
pure Al-Fe-Cr-Ti bar and the composites with 10 and 20 vol% pure Al fibres per-
formed at room temperature and 1�10�4 s�1 strain rate, (b) plot of UTS versus
vol% pure aluminium fibres showing a linear decrease in strength as pure Al fibre
content is increased.
4. Discussion

The active strengthening mechanisms which contribute to the yield
strength of the material can be assigned to microstructural features,
such as solutes in solid solution, dislocation (sub-) structures, grain size,
particle/dispersoid size and distribution, texture, etc. Superposition of
various strengthening mechanisms has remained an unsolved problem
and various additivity laws, e.g. linear superposition, quadratic super-
position or more complex relations, have been proposed so far [20].
However, linear superposition remains the most common choice [6],
therefore in the present work a linear additivity lawwas adopted for the
different strengthening mechanisms analysed.

Previous studies on melt spun nano-quasicrystalline Al-Fe-Cr-Ti
alloy showed that the main contributors to the high yield strength
were the small grain size [3,5,6], the presence of nanoparticles
Fig. 5. (a) EBSD map showing the grains within the nano-quasicrystalline alloy along the
the grain orientations in the map (b) inverse pole figure showing the grain orientation
(quasicrystals and intermetallics) [3,5,6] and the supersaturation
of elements in solid solution [3,5]. Vojtěch et al. [6] suggested the
solid solution strengthening mechanism could be negligible for an
Al92.4Fe1.2Cr3.3Ti2.4Si0.7 at% alloy extruded at 450 °C. They found
Hall-Petch and Orowan mechanisms to be the main contributors
to the overall yield strength in that case.
(a) (b)
extrusion direction (horizontal, as indicated by the arrow) and pole figure showing

s and texture trends along the extrusion direction.
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4.1. Particle strengthening

Precipitates hinder dislocation mobility by forcing them to
shear weak obstacles or bypass stronger ones (Orowan strength-
ening). In either case the stress required for a dislocation to pro-
pagate on its slip plane is increased, therefore augmenting the
yield strength of the material. Icosahedral particle shearing has
never been observed in the published scientific literature [5,8].
Thus, Orowan strengthening is expected to be the main active
particle strengthening mechanism in the present alloy. Eq. (4) is
used to calculate the stress required for dislocations to bypass
impenetrable obstacles according to Orowan's model.

σ =
( )

MGb
R2 4p

s

where G is the bulk shear modulus of the matrix (for Al, G ¼
26.2 GPa [6,19]), b is the Burgers vector (for Al, b ¼ 0.286 nm [6]),
2Rs is the inter-particle spacing [6,19,21], and M is the Taylor fac-
tor, which for most materials can be assumed to be �3 [6].
However, in a FCC material for a [100]-oriented grain deformed in
tension M[100]¼2.45 while it is 50% higher for the [111]-or-
ientation with M[111]¼3.67. Considering the substantial texture
observed in the [111] direction in the EBSD shown in Fig. 5 for the
Al93Fe3Cr2Ti2 alloy, in the present work we adopted a Taylor factor
of M ¼ 3.5.

In the present study, the observed particle size distribution was
bimodal. The presence of small fractions of larger quasicrystalline
particles in comparison with the average particle size (creating
bimodal distributions in the alloy) was also observed by other
authors in melt-spun nano-quasicrystalline alloys [10,22]. Using
the mean particle size radii obtained from TEM, r1 and r2, along
with the corresponding 2Rs and f values for each, the Orowan
equation was employed, adding the two contributions linearly
according to their relative fractions. This yields ΔsP E 210 MPa.

Assumptions made in order to perform these calculations are
that particles are evenly spaced, spherical in shape and act as
impenetrable obstacles to dislocations. Further refinements to
Orowan's model have been performed by Foreman and Makin [23]
to account for the effect of non-regular distributions of obstacles
using the concept of effective obstacle spacing. Later, Hirsch and
Humphreys [24] and Bacon [25] proposed elastic field screening
models, which impose a logarithmic dependency of dislocation
line energy and capture the effect of precipitate finite size. Alter-
natively, Dislocation Dynamics (DD) simulations could be used to
monitor plastic deformation, where significant recent advances
are enabling microstructures close to reality to be modelled [26–
28]. In these examples of modified or more complex strengthening
models, Orowan's mechanism is typically considered as solely re-
sponsible for the overall strength, rather than a superposition of
strengthening mechanisms as is present for material examined in
this study. Multi-component models accounting for such complex
behaviour are presently not available and hence this work relies
on microstructural simplification to approximate the yield
strength.

Several studies that compare the contributions of Orowan and
Hall-Petch strengthening mechanisms to the macroscopic material
response have been reported. Ehrstrom et al. [21] found that the
Hall-Petch effect is most dominant in rapidly solidified Al-Fe-X
alloys (where X is Zr, Mo, Si, etc.), whilst Vojtěch et al. [6] re-
plicated this conclusion in an Al-Fe-Cr-Ti-Si alloy. Furthermore, a
study of rapidly solidified Al-Cr-Zr suggested that the Orowan ef-
fect was negligible compared to the Hall-Petch effect [29]. There-
fore, even on very similar alloy systems, the strengthening me-
chanisms appear exceptionally sensitive to subtle variations in the
processing methods and their resulting microstructures. Assuming
the Orowan effect is the dominant strengthening mechanism in
this study, and only accounting for the incoherent particles, would
clearly be wrong, as the calculated Δsp value is far less than the
experimentally measured yield strength value of 544 MPa.

4.2. Grain boundary strengthening

The Hall–Petch relation [30] (Eq. (5)) was shown to be an ac-
curate analytical expression for yield strength predictions in
polycrystalline alloys. Originally, Hall and Petch utilised the theo-
retical model of an equilibrated pile-up of edge dislocations at the
grain boundary developed by Eshelby et al. [31]. They predicted
that the development of intra-granular dislocation pile-ups would
have a slip length proportional to the inverse square root of the
mean grain size, which they validated with empirical measure-
ments. Improvement of the pile-up model was given later by [32].
Other authors have also derived the Hall–Petch behaviour by
measuring dislocation density within grains through TEM ob-
servations and by determining the increase of the plastic flow
stress with the square root of dislocation density [33,34]. Grain
boundaries were also found to be common sources of dislocations
[35,36]. Either way, the pile-up hypothesis with a classical �0.5
exponent is widely used to explain the Hall–Petch behaviour of the
yield stress [37].

The yield stress calculated from the empirically derived Hall-
Petch effect is given by Eq. (5), [30].

σ σ= +
( )

k

d 5gb 0

where so is the lattice frictional stress, k is the Hall-Petch coeffi-
cient which is strongly influenced by the microstructural state of
the alloy and d is the average grain size. For pure Al, so is com-
monly taken as �16 MPa [19,38]. The constant, k, is known as the
“locking parameter”, which measures the relative hardening con-
tribution of the grain boundaries [37]. In this study it was deemed
appropriate to use empirical values measured on high solute
concentration Al alloys with fine grain sizes, k ¼ 0.17 MPa m�1/2

[6,29,39]. Assuming the dislocations pile-ups are similar for all the
grains in the alloy, k can be considered to be same for all the
grains.

In the present work, grain size stereology structure factors
were calculated using the method developed by Ashby et al. [16]
assuming all grains are spherical and working from measurements
from planar surfaces. The 3D grain diameter is therefore
dv¼1.270.3 mm. Finally, applying Eq. (5), the grain boundary
contribution to the yield stress of the alloy can be estimated as sgb
E141717 MPa.

Recently, Dunstan and Bushby [40] developed an alternative
equation to the well-established Hall-Petch relation and fitted it to
the tensile stress-strain curves used from Conrad [33], Eshelby [31]
and Li [35] as well as many other data-sets providing a fit, which
was shown to be more accurate through Bayesian statistical ana-
lysis [40]. According to their theory, the relationship between the
yield strength and the grain size should be an inverse linear re-
lationship instead of an inverse square root: sY ∝ kD�1 [40]. Either
way, for the present work, when their equation is applied instead
of the Hall-Petch equation the overall strength prediction remains
within the error range quoted.

4.3. Solid solution strengthening

Strength from solid solution hardening arises from strain fields
around each solute atom, dependent on the misfit radii of the
solute atom. However, quantitative measurements of atomic radii
are generally difficult due to the radius not being well-defined,
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where its magnitude is affected by electronegativity interactions
with the surrounding atoms [41]. A quantitative value of the
atomic radii data of atoms in the elemental state obtained through
X-ray diffraction was used for the present calculations [19]. Using
these values, the lattice misfit caused by atoms in solid solution
can be calculated. Friedel's equation for the prediction of the yield
strength based on the lattice misfit is [42].

σ α Ω δ∆ = ( )fG
b 6y M

where σ∆ y is the yield strength increase, ΩM ¼1.9�10�10 for Al
5000 serie alloys, δ is the lattice misfit and b is the burgers vector
(¼0.286 nm for Al [6]). Using these values, the total contribution
to the yield strength from each element of Cr, Ti and Fe in solid
solution can be estimated to be as low as �10 MPa. The solid
solution mechanism was also found to be negligible by other au-
thors on rapidly solidified Al-TM alloy systems prepared both by
extrusion of atomised powders and extrusion of melt spun, ground
ribbons [6,28,43].

4.4. Dislocation-dislocation interactions

The work hardening contribution to the yield strength due to
the plastic deformation induced during extrusion must also play
an important role in the strength of the Al93Fe3Cr2Ti2 alloy. Work
hardening as a result of interactions of dislocations with other
dislocations and with other barriers to their motion within the
lattice can be estimated using the basic equation relating flow
stress to structure, with [37]:

σ β ρ∆ ≈ ( )M Gb 7y

where σ∆ y is the yield strength increase, β is a constant which is
approximately 0.25 for most cases, but can be 0.5–1 depending on
the sample crystallography, M is the Taylor factor, G is the bulk shear
modulus of the matrix (26 GPa for Al [6]), b is the magnitude of the
Burgers vector (0.286 nm in Al at room temperature [6]) and ρ is the
density of dislocations. This model provides a work hardening con-
tribution of 183 MPa to the yield strength, with a required dislocation
density of �8�1014 m�2. According to the literature, a reasonable
value of dislocation density of aluminium samples after a few per
cent deformation through cold working should be 1012–1013 m�2. In
a heavily cold worked sample this density may be as high as �1015–
1016 m�2 [44,45]. The extrusion ratio of material tested in this study
was 14:1, therefore the dislocation density is expected to be in the
higher range. However, this may be an over-estimate due to the high
extrusion temperature of 400 °C. At present, there are no values of
dislocation density of Al-based samples after warm extrusion around
400 °C available in the literature.

4.5. Mechanical properties of the composites

The UTS and yield strength of the composites decrease linearly
with increasing vol% pure Al following the rule of mixtures, as
shown in Fig. 6b [46]. The original purpose of the fibre addition
was to increase ductility, albeit sacrificing some of the tensile
strength to tailor the exact properties to the requirements in
specific applications. Both samples with 10 and 20 vol% pure Al
fibres have shown a 13.5% increase in ductility. The tests were
repeated twice, showing that adding more than 10 vol% pure Al
fibres does not further improve ductility. One of the reasons may
be the increase in porosity within the 20 vol% pure Al sample.

5. Summary

In summary, the observed microstructure of a Al93Fe3Cr2Ti2
nano-quasicrystalline alloy has been correlated to the mechanical
strength measured under quasi-static deformation at room tem-
perature. Considering separate mechanisms in turn, several
strengthening mechanisms were proposed to be simultaneously
active. Contributions from the hard, incoherent particles and grain
sizes have been estimated, though these measurements are reliant
on an idealised microstructure assumption. This includes perfectly
spherical, equally spaced particles and spherical, equiaxed grains
separated by high angle grain boundaries. The maximum con-
tribution (�210 MPa) to the yield strength of the extruded
Al93Fe3Cr2Ti2 alloy bar comes from the Orowan mechanism, aris-
ing from the icosahedral particles embedded in the Al matrix. This
is to be expected since they constitute 0.41 vol fraction of the
material. The second contribution, 141 MPa, appears to come from
the small grain size. These contributions alone underestimate the
strength of the material, which was 544 MPa, suggesting that
additional mechanisms must also contribute. Solid solution hard-
ening is expected to play a minor role, yielding a strengthening
effect of �10 MPa. The remainder of the strength is expected to be
a result of dislocation-dislocation interactions (�183 MPa), which
are a consequence of the extrusion pressure which yielded a
heavily deformed material.

The models used in this study neglected any contributions to the
strength from low-angle grain boundaries, giving rise to an addi-
tional source of error. The role of porosity, if any, will be the subject of
further investigations. It is proposed that the high yield strength of
such complex materials may only be fully understood with the use of
advanced modelling strategies that can account for coupled
strengthening mechanisms. Nevertheless, as no such computational
capability currently exists, the relatively straight forward approach
adopted here is instructive and clearly identifies the main factors
contributing to the overall strength of the alloy and composites.
6. Conclusions
1. An extruded bar produced from atomised powder (o25 mm) of
the Al93Fe3Cr2Ti2 at% alloy has been investigated. The extruded
material has an exceptionally high tensile strength of 544 MPa
at room temperature.

2. Microstructural characterisation revealed that the material
comprises an Al matrix with a dispersion of nano-quasicrys-
talline icosahedral particles. The particles were found to exhibit
a bimodal size distribution.

3. Using classical expressions to estimate yield strength con-
tributions, the contribution of hard, incoherent particles, dis-
location density, grain boundary and solid solution hardening,
yield �210 MPa, �141 MPa, �183 MPa and �10 MPa respec-
tively. These were each calculated from observations of the
microstructure and parameters. It is proposed that these me-
chanisms are likely to be active simultaneously, explaining the
high yield stress.

4. The alloy was also studied as a composite, with the addition of
pure Al fibres. Fibres were observed by X-ray tomography to be
deformed, and their morphology being an indicator of good
bonding with the matrix. Residual porosity was only observed
after the addition of 20 vol% fibres while the other bars were
fully compacted. Following the rule of mixtures, the yield
strength was found to decrease with the addition of pure Al
fibres. Ductility was observed to increase with the addition of
these fibres at the expense of tensile strength.

5. This report and the creation of the composites with higher
ductility opens a promising route forwards towards the pro-
duction of high strength, lightweight materials whose proper-
ties can be tailored individually for specific engineering
applications.
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