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A fully austenitic Fe-18Mn-2Si-2Al transformation-induced plasticity (TRIP) steel was tensile
tested from quasi-static to low-dynamic regime at three different strain rates: 4.7 9 10�4,
1.3 9 10�1, and 8.3 9 100 s�1. Typical two-stage transformation mechanism, TRIP
c fi e fi a¢, was observed for samples tested at 4.7 9 10�4 s�1. At higher strain rates, the
increase in temperature due to adiabatic plastic work shifts the stacking fault energy (SFE)
towards a twinning-induced plasticity–SFE-range modifying the mechanical behavior of the
alloy. This change on the deformation mechanism leads to a lower work hardening capacity and
a higher elongation to rupture in samples tested at 1.3 9 10�1 and 8.3 9 100 s�1. In this
context, the alloy maintains its energy absorption capability with a maximum reduction of
3.6 pct according to the Rm 9 A parameter. The Md temperature, experimentally determined
in the present study, proved to be a useful tool for understanding the material’s behavior.
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I. INTRODUCTION

THE need of reducing greenhouse gases emissions
and controlling global warming has pushed the devel-
opment of alloys with reduced specific weight for
structural uses. Particularly, the automotive industry
leads this field by introducing new steels which allow a
reduction of fuel consumption and simultaneously
improve human safety in a crash event. High-manganese
transformation-induced plasticity (HMn-TRIP) steels
belong to this category of advanced high-strength
automotive steels. HMn-TRIP steels combine high
strength and ductility, excellent formability, superior
fracture toughness, and reduced specific weight due to
the incorporation of lighter substitutional elements.[1–5]

Such elements are manganese, silicon, and aluminum all
of them carrying an alloying purpose besides reducing
specific weight.

The content of manganese in HMn-TRIP steels varies
between 15 and 30 wt pct with the aim of stabilizing the
austenite-fcc phase. Silicon and aluminum are incorporated
in amounts close to 3 wt pct for controlling the stacking
fault energy (SFE) of the alloy. In this range of composition,
HMn-TRIP steels present a metastable c-austenite (fcc)

which transforms to e-martensite (hcp) and to a¢-martensite
(bcc) when an external mechanical stress is applied. This
strain-induced transformation can follow two possible
paths: a c fi a¢ single-stage, or a two-stage c fi e fi a¢
transformation in which the e-martensite acts as an inter-
mediate phase.[6–12]

Tensile properties of HMn-TRIP steels and the
occurring deformation mechanism will depend on the
SFE of the alloy which in turn is determined by the
chemical composition. Three levels on SFE are recog-
nized to promote either transformation-induced plastic-
ity (TRIP effect), twinning-induced plasticity (TWIP
effect), or dislocation glide, at SFE< 18 mJ/m�2,
18< SFE< 45 mJ/m�2, and SFE> 45 mJ/m�2,
respectively.[13–16] Therefore, the SFE is a fundamental
parameter to be considered at the time of defining a
novel composition.
Since these types of steels are meant to be part of the

car body structure, it is mandatory to assess the
mechanical behavior under different strain rates. Part
of this work has been done by Frommeyer et al., Grässel
et al., and more recently by Benzing et al.[3–5,17] They
have shown that increasing strain rates lead to a higher
yield strength, an increase in the amount of post-uni-
form elongation, and a significant rise on the temper-
ature of the tensile specimen. In this framework, fewer
analyses are found concerning the energy absorption
capability (EAC) of the alloys when the loading condi-
tion varies by several orders of magnitude in terms of
strain rate.
This work introduces an austenitic HMn-TRIP steel

which combines high ductility and high EAC along a
wide strain rate regime. From the compositional point
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of view, an austenitic matrix is achieved with a relatively
‘‘low’’ manganese content in comparison with other
alloys of the family of HMn-TRIP steels. Simultane-
ously, silicon and aluminum are also reduced giving an
adjusted composition of Fe-18Mn-2Si-2Al, with a nom-
inal carbon content of 0.05 wt pct. The alloy was tensile
tested from a quasi-static, 10�4 s�1, to a low-dynamic,
101 s�1, strain rate condition. Such evaluation indicates
that the TRIP effect diminishes with increasing strain
rates. It is shown that the change in the deformation
mode is related to an increase of the specimen’s
temperature which is high enough to modify the SFE
of the alloy, and even overcome the corresponding Md
temperature. Despite the modification of the dominant
deformation mechanism, the material conserves its EAC
assessed by the product of the ultimate tensile strength
and the total elongation to rupture.

II. MATERIALS AND EXPERIMENTAL
PROCEDURES

A. Material and Specimen Preparation

The alloy was produced in our laboratory via ingot
casting in an induction furnace under reducing atmo-
sphere. The as-cast ingots with a dimension of
130 9 60 9 11 mm3 were pre-machined and hot-rolled
at 1050 �C in several passes to 2-mm-thick sheets.
Subsize tensile specimens with 16 mm gauge length and
6 mm wide were cut from the steel sheets via electrical
discharge machining according to ASTM-E 8M stan-
dard. The tensile specimens were solution annealed at
1050 �C during 15 minutes under protective atmosphere
and cooled down under calm air to room temperature,
hereinafter referred as starting condition. Chemical
composition was measured by means of optical emission
spectroscopy, see Table I. Optical microscopy (OM)
samples of 6 9 6 mm2 were cut from the specimens and
polished following standard metallographic procedures
up to 1 lm diamond paste. The etching was performed
using 2 pct Nital solution. The OM images were
processed with the software ImageJ for evaluating the
mean grain size using the linear intercept method.

B. Mechanical Properties and Microstructure

In order to determine mechanical properties and
microstructure evolution as function of the strain,
uniaxial tensile tests were conducted on a 100 kN
MTS-810 Servo Hydraulic Machine, at three different
crosshead speeds: 0.45, 120, and 8000 mm/min. These
values correspond to an initial strain rate of 4.7 9 10�4,
1.3 9 10�1, and 8.3 9 100 s�1 respectively; hereinafter
referred as 10�4, 10�1, and 101 s�1, for the sake of
simplicity. In all cases, the laboratory was conditioned
to a 22 �C room temperature.

X-ray diffraction (XRD) patterns were measured
using Cu Ka1/Ka2 lines in a PANalytical Empyrean
X-ray diffractometer operating at 40 kV and 40 mA.
The scans were collected from 35 deg to 105 deg, with
0.013 deg step size, and 108.12 seconds time per step.

The instrumental standard chosen to account for
instrumental broadening was silicon. XRD samples
were subjected to an electropolishing process employing
a solution of 800 mL of acetic acid and 200 mL of
perchloric acid at 20 V and 25 �C. X-ray characteriza-
tion of each sample was performed by Rietveld refine-
ment of the corresponding patterns, using the
Java-based software Maud (Materials Analysis using
Diffraction) version 2.79 released November 3,
2017.[18,19] To account for texture effects, the intensity
correction of the X-ray patterns was done using the
harmonic texture model implemented in Maud. In all
cases, the estimated error for the amount of each phase
is ± 2 pct.
Transmission electron microscope (TEM) microstruc-

tural analyses were performed using a JEOL JEM-2100
plus scanning-TEM (STEM) operated at 200 kV. TEM
specimens were electropolished using a double-jet
TENUPOL 5 equipment. A solution of 900 mL ethanol
and 100 mL perchloric acid was used as electrolyte at
– 11 �C and 20.5 V.

C. Md and In Situ Temperature Determination

In order to determine Md temperature of the alloy,
mechanical testing was performed by using an
INSTRON 3362 electromechanical testing machine
equipped with a temperature control device (range
– 50 �C to 200 �C). Tensile specimens were tested using
a crosshead speed of 0.45 mm/min at different temper-
atures between � 30 and 100 �C, and the yield stress of
each one determined by the 0.2 pct offset method.
Temperature rise in tensile specimens due to the strain

rate was acquired in situ by a digital multimeter
employing spot-welded type-K thermocouples.

III. RESULTS

Figure 1 shows the optical micrograph of the
Fe-18Mn-2Si-2Al alloy at starting condition according
to Sect. 2.1. A fully austenitic c (fcc) microstructure is
observed, featuring an average grain size of 51 ± 5 lm
(G-ASTM 5.5).
A series of loading–unloading tensile cycles were

performed in order to assess the active deformation
mechanism associated with phase transitions when the
alloy is loaded in the quasi-static regime. Figure 2(a)
shows the stress–strain curves obtained by cyclic loading
and unloading steps. Right after unloading, the speci-
mens were analyzed by XRD and returned to the tensile
testing machine. The XRD measurements are shown in
Figure 2(b). As a first result, the diffraction pattern (DP)
corresponding to the starting condition, 0 pct engineer-
ing strain, confirms the fully austenitic state of the alloy
before testing, in agreement with our OM observations
(see Figure 1). According to Figure 2(b), e-martensite
(hcp) is the first to form as a result of the applied
mechanical deformation, and after around 10 pct of
engineering deformation the a¢-martensite (bcc) reflec-
tions become noticeable. Rietveld refinement of the
XRD patterns was done in order to estimate each phase
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amount, so as to achieve a better resolution of the
deformation mechanism, as depicted in Figure 3. A
high-rate transformation of austenite into e-martensite is
observed at the early stages of deformation. In this way,
the hcp phase reaches its maximum volume fraction at
11 pct of engineering strain, entering into a decaying
process with further strain. On the other hand, the
volume fraction of a¢-martensite increases steadily
throughout all the deformation process. At around
13 pct of engineering strain the austenitic and both
martensitic phases coexist, with an almost equal volume
fraction of 33 pct. Finally, the complete deformation
process turns the bulk material into a multi-phase
matrix composed of 88 pct a¢-martensite, 6 pct
e-martensite, and 6 pct of non-transformed c at the last
cycle, where 40 pct of accumulated engineering strain is
reached.

Figure 4 presents the engineering stress–strain curves
of the Fe-18Mn-2Si-2Al alloy, measured on different
specimens, at three levels of initial strain rate: 10�4,
10�1, and 101 s�1. Tensile properties at every testing
condition are summarized in Table II. It can be seen
that the 0.2 pct offset yield strength (Rp0.2) slightly
increases with the strain rate. The maximum tensile
strength (Rm) was registered for the quasi-static condi-
tion, 10�4 s�1, with an average value of 837 MPa, being
115 MPa higher than those obtained at 10�1 and
101 s�1. On the contrary, the uniform elongation (Ag)
of the 10�4 specimens is in average 4 pct lower than the
10�1 and 101 specimens which reach an average value of
42 pct. The elongation to fracture (A) is also reduced by

Table I. Chemical Composition Measured by Optical Emission Spectroscopy (Wt Pct)

Condition Mn Si Al C Fe

15 min, 1050 �C, calm air cooling 18.3 2.1 1.9 0.04 bal.

Fig. 1—Optical micrograph of the alloy, at starting condition,
showing austenitic grains.

Fig. 2—Cyclic loading–unloading tensile testing of the same
Fe-18Mn-2Si-2Al specimen, for microstructural evolution
assessment, in the quasi-static regime. (a) Engineering stress–strain
curves at quasi-static condition, 10�4 s�1 and (b) XRD patterns
measured immediately after each tensile test, accounting for a total
measuring time of 1 h.
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6 pct for the quasi-static condition in comparison to the
10�1 and 101 strain rates.

Table II also presents the product between Rm and A
which is representative of the EAC of the material. This
calculation indicates that the highest EAC occurs for
quasi-static loading, being 3.6 and 0.8 pct higher than
the obtained for the 10�1 and 101 s�1 testing conditions,
respectively.

The evolution of the strain hardening exponent, n, at
every strain rate level was obtained according to
Hollomon’s relationship, up to Rm, as follows[20]:

n ¼ dðln rTÞ
dðln eTÞ

½1�

being rT the true stress and eT the true strain. Thus, the
behavior of the n exponent is of main interest since it
reflects in an indirect manner the intensity of the
strain-induced transformation. Figure 5(a) depicts the
n-exponent curves as function of engineering strain, with
an adjacent averaging smoothing. Samples deformed at

10�4 s�1 achieve a maximum n of 0.83 at a middle
deformation stage of 25 pct. After increasing the strain
rate to 10�1 s�1, there is a reduction in the n-maximum
value to 0.63 at 25 pct engineering strain, which remains
almost constant up to 36 pct. In the samples deformed
at 101 s�1 the maximum n value is also lower, n = 0.65,
and it arises at a higher deformation stage, close to
32 pct strain.
A similar strain rate effect is observed in Figure 5(b)

which represents the strain hardening rates curves, drT/
deT, plotted as function of engineering strain and with
an adjacent averaging smoothing. While typical struc-
tural metallic alloys present monotonous decay of the
hardening rate with strain, Figure 5(b) shows the
activation of a hardening process after the strain local
minimum.[21] It can be seen that the 10�4 s�1 strain
hardening rate curve initially decreases to a local
minimum, at 7 pct strain, and subsequently increase to
its maximum at 24 pct, where it starts decreasing. The
first minimum for the 10�1 s�1 rate test is at 9 pct strain,
and it reaches its highest strain hardening rate value at
26 pct strain. The 101 s�1 curve remains almost constant
from 9 pct up to 18 pct strain, before it starts increasing
to its maximum, reached at 30 pct strain.
While Figures 5(a) and (b) give an impression on how

fast the strain-induced transformation occurs along the
tensile tests, Table III indicates directly the amount of
the present phases in the specimens after rupture. As can
be seen, the amount of non-transformed austenite
increases with strain rate from 7 to 47 pct volume
fraction between quasi-static-10�4 and low-dy-
namic-101 s�1 conditions. In accordance with the matrix
behavior, the volume fraction of a¢-martensite after
rupture decreases from 88 to 44 pct in the same range of
strain rate.
Transmission and scanning electron microscopy anal-

ysis was performed in order to obtain a detailed
microstructural characterization. EBSD micrograph of
a sample deformed 11 pct at 10�4 s�1 is presented in
Figure 6. It shows an austenitic matrix with e-martensite
plates, and lenticular a¢-martensites inside the e-plates.
TEM images and DPs were taken from annealed

material and from specimens tested at the three strain
rates used in this research. The microstructure of a
solution-annealed sample (starting condition) comprises
a fully austenitic matrix, in correspondence with light
microscopy and XRD analysis. In Figures 7(a) and (b),
the austenitic matrix is observed at the bright field image
with a grain in [013]c zone axis, and the occurrence of
some stacking faults. Concerning tested specimens, all of
them possess a common feature, consisting in large
regions of a¢-martensite (the volume fraction of the
a¢-martensite was quantitatively calculated by Rietveld
refinement of the XRD spectra, and is listed in
Table III). Such areas, where a¢-martensite is observed,
are characterized by a high dislocation density. In the
specimens tested at 10�4 s�1 strain rate, the coexistence
of e-martensite and c-austenite is observed by TEM, as
shown in Figures 7(c) and (d). The specimens strained at
10�1 s�1 show an austenitic matrix characterized by the
formation of very thin bands. In the associated DP,
e-martensite spots are found together with extra spots,

Fig. 3—Volume fraction of phases calculated by Rietveld refinement
of the XRD spectra shown in Fig. 2(b).

Fig. 4—Engineering stress–strain curves of specimens tested at 10�4,
10�1, and 101 s�1, up to failure, of the Fe-18Mn-2Si-Al alloy.

METALLURGICAL AND MATERIALS TRANSACTIONS A



which indicate the occurrence of twinning. This is shown
in Figures 7(e) and (f), and reflect a mixed TRIP–TWIP
regime already present for the 10�1 s�1 testing

condition. For the 101 s�1 strain rate, the microstructure
is also formed by very thin bands, but no epsilon
e-martensite was found in the examined samples. The
corresponding DP are indexed as a twinned austenitic
matrix, as shown in Figures 7(g) and (h). This type of
microstructure is in agreement with the observations of
Kürnsteiner and Pramanik et al. where nanometric
twins are reported.[22,23]

IV. DISCUSSION

The Fe-18Mn-2Si-2Al HMn-TRIP steel introduced in
this work is characterized by a fully austenitic
microstructure in the starting condition. This is con-
firmed via OM in Figure 1 and by the XRD pattern
corresponding to null engineering strain in Figure 2(b).
This initial microstructure differs from most of
HMn-TRIP steels developed in the Fe-Mn-Si-Al system.
Representative compositions featuring a mixed starting
microstructure are for instance the Fe-15Mn-3Si-3Al
and Fe-20Mn-3Si-3Al produced by Frommeyer et al.[5]

Table II. Mechanical Properties of the Fe-18Mn-2Si-2Al TRIP Steel at Different Strain Rates

Strain Rate (s�1) Rp0.2 (MPa) Rm (MPa) Ag (Pct) A (Pct) Average Rm 9 A (MPa Pct)

4.7 9 10�4 (10�4) 269 836 37 41 35,239
266 838 38 43

1.3 9 10�1 (10�1) 293 723 43 49 33,942
288 715 41 46

8.3 9 100 (101) 325 725 43 49 34,946
327 722 40 48

(a)

(b)

Fig. 5—Qualitative monitoring of TRIP effect, at the three initial
strain rates. (a) Strain hardening exponent n and (b) strain hardening
rate, drT/deT.

Table III. Volume Fraction of Phases After Rupture

Strain Rate (1/s) c (Pct ± 2) e (Pct ± 2) a¢ (Pct ± 2)

4.7 9 10�4 (10�4) 7 5 88
1.3 9 10�1 (10�1) 31 8 61
8.3 9 100 (101) 47 9 44

Fig. 6—Mapping of present phases obtained by electron backscatter
diffraction (EBSD) at 11 pct of plastic deformation and quasi-static
loading: austenite-yellow, e-martensite-red, a¢-martensite-green
(Color figure online).
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In these alloys, the austenite volume fraction after water
quenching was around 50 and 80 pct, respectively,
balanced by the presence of a¢- and/or e-martensite.
Mcgrath et al. reported an initial 27 vol pct of austenite
for the composition Fe-15.3Mn-2.85Si-2.4Al-0.07C,[7]

while Ding et al. informed a 60 vol pct austenite,
35 vol pct a¢-, and rest of e-martensite for the alloy
Fe-18.8Mn-2.9Si-2.9Al-0.04C.[8] These compositions
agree on a silicon content of 3 wt pct, while the
measured content in this contribution is 2.1 wt pct, as
shown in Table I. As silicon decreases the c-austenite
stability and sustains the c/e transformation upon

cooling and deformation, it is expected that a 1 wt pct
Si reduction results beneficial for the stabilization of
austenite.[3,24] Aluminum addition contributes to austen-
ite stabilization by inhibiting cementite precipitation
and consequently favoring the solid solution of carbon
in the austenitic matrix.[25,26]

Concerning the deformation mechanism of the alloy,
the step-by-step XRD analysis (Figures 2 and 3) con-
firms the occurrence of the TRIP effect along tensile
testing. Particularly, the evolution of the plastic defor-
mation can be described by the two-stage transforma-
tion mechanism, c fi e fi a¢.[7–9,12] Thus, e-martensite
plates are formed through planes of stacking faults in
the austenite at early stage of deformation, explaining
the sudden increase of e-martensite vol pct in the
alloy.[27] By increasing plastic deformation, the hcp
plates serve for the nucleation and growth of a¢-marten-
site. Consequently, a consumption of the hcp phase
takes place upon the increase of a¢ vol pct. The
described mechanism is verified by the EBSD micro-
graph presented in Figure 6. Consequently, the possi-
bility of a direct transformation of austenite into
a¢-martensite seems to be unlikely for this alloy.
Certain tendencies of mechanical properties with the

applied strain rate can be deduced from the data shown
in Table II. First of all, the 0.2 pct offset yield strength
(Rp0.2) increases with the strain rate by a 22 pct
between 10�4 and 101 s�1, in agreement with the results
of Grässel and Benzing et al. on a Fe-25Mn-3Si-3Al
TWIP steel.[3,17] Assuming the absence of martensitic
transformation at the 0.2 pct offset, the positive
response of Rp0.2 can be related to the effect of the
strain rate on the friction stress required for the
propagation of dislocations in a crystal lattice, as occurs
for stable austenitic steels.[28] On the contrary, the tensile
strength (Rm) decreases from 837 to 723 MPa within
the 10�4 to 101 s�1 range. In order to explain this
behavior, it is important to note the self-heating process
taking place in the specimens due to plastic work. Thus,
the increase of temperature can suppress the martensitic
transformation and the consequent reduction in the
volume fraction of the stronger phase is reflected into a
lower material’s strength. The same relationship
between Rm and strain rate is observed in
metastable austenitic steels like 304 and 301LN.[29]

Conclusive information is not available in literature
concerning the effect of strain rate on both on uniform
elongation (Ag) and elongation to rupture (A). In the
case of a 309 austenitic stainless steel, where plastic
deformation occurs only by dislocations motion and the
effect of strain rate can be isolated, an increase on strain
rate reduces the uniform elongation between 10�6 and
101 s�1.[29] For an Fe-25Mn-3Si-3Al TWIP steel,
Grässel et al. report a decrease of Ag and A for
increasing strain rates within the 10�4 to 101 s�1

interval, while Benzing et al. do not distinguish a clear
effect of the strain rate upon plasticity.[3,17] In contrast
to these results, the HMn-TRIP steel presented here
shows an increase of both Ag and A with strain rate (see
Table II). This result cannot be attributed only to a
strain rate effect. Moreover, it responds to a self-heating
phenomenon which affects the SFE of the alloy and the

Fig. 7—Representative microstructure developed in austenitic grains:
(a, b) solution-annealed condition, [013]c zone axis, (c, d) 10�4 s�1

tested specimen, [101]c // [11-20]e zone axis, (e, f) 10�1 s�1 tested
specimen, [101]c // [11-20]e zone axis, and (g, h) 101 s�1 tested
specimen, [011]c zone axis.
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occurring deformation mechanism. This interaction is
explained in detail in the following lines.

The changes on mechanical properties suggest that
the deformation mechanism of the alloy is somehow
affected by increasing strain rates. Such effects become
noticeable by observing the slopes of tensile curves in
Figure 4, following the evolution of the strain hardening
exponent n in Figure 5, and observing the dissimilar
phase volume fractions in the specimens after rupture
shown in Table III. One outstanding feature along the
tensile tests was the temperature rise of the specimens, in
agreement with previous reports.[14,17] Therefore, the
evolution of temperature was determined in situ for the
specimens tested at 10�4 and 10�1 s�1 and calculated
according to Eq. [2] for the 10�1 and 101 s�1 loading
condition. Equation [2] describes the increase of tem-
perature in the presence of adiabatic heating, as
follows[16,30]:

DT ¼ b
qCP

Z e2

e1

r@e; ½2�

where b is the fraction of mechanical energy converted
to heat energy, assumed 0.9, the specific heat capacity is
CP = 0.46 kJ/kg K, typical in steels, and the density
q = 7.8 g/cm3. In this regard, Lichtenfeld et al. report
adiabatic conditions at strain rates higher than
1.25910�1 s�1, while other contributions relate adia-
batic heating with strain rates higher than
100 s�1.[29,31,32] The obtained temperature profiles are
presented in Figure 8 as a function of engineering strain.
As can be seen, the adiabatic heating approach overes-
timates the actual temperature for the 10�1 s�1 condi-
tion. Therefore, the measured temperature is used
hereinafter for the specimens tested at 10�4 and 10�1,
while calculated values are employed for the 101 s�1

strain rate.
All tensile tests were started once the specimen

temperature was stabilized with the room temperature
set in 22 �C, as shown in Figure 8. While the quasi-static
test develops quite close to an isothermal condition, the
10�1 and 101 specimens undergo a remarkable increase

of temperature. Specifically, the difference between the
final and initial temperature results DT(� 4) = 3 �C,
DT(� 1) = 46 �C, and DT(1) = 74 �C for the 10�4, 10�1,
and 101 s�1 loading condition, respectively. Bearing in
mind this increment in temperature with the strain rate,
the evolution of the SFE with temperature was assessed
since it governs the deformation mechanism occurring in
the alloy and it is known to increase with
temperature.[33,34]

The SFE as function of temperature can be assessed
by the thermodynamic approach proposed by Olson and
Cohen, where the SFE is expressed as follows[35]:

SFE ¼ 2qDGc!e þ 2rc=e ½3�

being q the molar surface density along {111} planes,
DGc fi e the molar Gibbs free energy of the c fi e
transformation, and rc/e the surface energy of the
interface c/e. Generally, a value between 5 and 15 mJ/
m2 is adopted for the interface energy rc/e when
employing Eq. [3].[15,36,37] In this case, an interface
energy of rc/e = 8 mJ/m2 was chosen in accordance
with the Fe-25Mn-1.6Al-0.24Si TWIP steel, introduced
by Curtze and Kuokkala, due to compositional similar-
ities.[16] The difference in Gibbs free energy between the
fcc and the hcp phase was calculated by means of a
CALPHAD evaluation at � 30, 20, 60, and 120 �C,
employing the measured chemical composition of the
alloy, see Table I. The calculated values of SFE are
presented in Figure 9. By considering the relationship
between Figures 7 and 8, it is quite likely that a
specimen tested at 10�1 and 101 s�1 undergoes different
SFE values along the same tensile test, while a constant
SFE value is expected for the quasi-static testing.
Work hardening behavior as function on strain rate

can be associated with the active deformation mecha-
nisms. These mechanisms depend specially on the SFE
of the parent austenite phase, which may result in the
material evolution from having a pure TRIP effect to a
mixed TRIP/TWIP effect.[14] As mentioned in a previous
paragraph, the strain hardening exponent n is used as an

Fig. 8—Evolution of specimens temperature with strain rate. Room
temperature was set at 22 �C. Fig. 9—Calculated values of the SFE after Eq. [3].
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indirect measurement of the TRIP effect intensity.
Particularly, the maximum n value, nmax, is assumed to
be representative of the maximum work hardening at a
particular instant of time. Therefore, the nmax parameter
is used for comparison purposes among the investigated
strain rate range. Such comparison is summarized in
Table IV. Taking the first row of Table IV as an
example, it appears that an nmax of 0.83 occurs at
25 pct of engineering strain for the 10�4 s�1 testing
condition. This value of engineering strain corresponds
to a temperature of 24 �C, see Figure 8, for which,
according to Figure 9, the material’s SFE has a value of
16.9 mJ/m2. The same reasoning can be applied in the
rest of the cases. Thus, Table IV indicates that, for the
instant of maximum hardening, the alloy reaches an
SFE of 16.9, 20.5, and 23.4 mJ/m2 at 10�4, 10�1, and
101 s�1 strain rate conditions, respectively.

Taking into consideration the SFE values for the
maximum hardening instant, a comparison among the
occurring deformation mechanism in each case can be
made. The value of 16.9 mJ/m2 encountered for the 10�4

condition is related to the activation of martensitic
strain-induced transformations in this kind of
steels.[5,7,13,34] On the other hand, a SFE value higher
than 18 mJ/m2 is required to activate TRIP/TWIP effect
with substantial contribution of both mechanisms.[38,39]

That is precisely the condition of the 10�1 and 101 s�1

specimen at maximum strain hardening. Therefore, with
the activation of the TWIP mechanism, a lower slope in
the tensile curve and a higher elongation to fracture is
expected, together with a lower amount of strain-in-
duced martensite formation.[3–5,39] This is actually
observed in Figure 4 and Table III.

The TEM micrographs shown in Figure 7 provide
evidence of the activation of TWIP phenomenon for
specimens tested at 10�1 and 101 s�1 strain rate condi-
tions. This is in correspondence with the relationship
between strain rate, temperature, calculated SFE, and
the mechanical behavior exhibited by the alloy.

The decisive influence of temperature in the resulting
deformation mechanism motivated the determination of
the Md temperature of the alloy, cf. Section II–C. In
that manner, a Md = 36.3 �C was obtained as shown in
Figure 10. Below Md, the yield stress–temperature
exhibits a positive slope in correspondence with the
presence of strain-induced martensite formation (i.e. a
Clausius–Clapeyron relationship). Above Md, the
change in the yield stress vs temperature slope, from
an ascendant slope to a descendent slope, indicates a
change in the governing deformation mechanism from
the two-stage c fi e fi a¢ to other mechanism con-
trolled, in this case, mainly by twinning (twinning is

energetically favored just above Md over dislocation
motion, while dislocation slip becomes predominant at
higher temperatures[16]).
From Figure 10, Md is determined as 36.3 �C.

According to the relationship between SFE and tem-
perature displayed in Figure 9, this temperature corre-
sponds to an SFE value of 18.6 mJ/m2. By overcoming
this level, twinning takes over from martensitic transi-
tion as the plasticity controlling mechanism. This fact
highlights the significance of determining the Md value
of the alloy under study. By knowing Md and calculat-
ing the adiabatic temperature rise with Eq. [2], the
behavior of the alloy could be estimated over the
working temperature range. For instance, an alloy with
Md close to room temperature can bring about the most
beneficial strength–elongation by taking advantage of
the transition between e-martensite transformation and
twinning.
Finally, it is worth to note that the EAC of the alloy is

slightly affected by the strain rate. Particularly, the
product between Rm and A indicates a reduction of
3.6 pct between the highest and lowest values expressed
in MPa pct, see Table II.

V. CONCLUSION

The mechanical behavior and microstructural evolu-
tion of a laboratory cast austenitic Fe-18Mn-2Si-2Al
TRIP steel was studied under tensile loading from

Table IV. Correlation Between Strain Rate, Specimen’s Temperature, and SFE at Maximum Strain Hardening Exponent, nmax

Strain Rate (1/s) nmax Engineering Strain (Pct) T (�C) SFE (mJ/m2)

4.7 9 10�4 (10�4) 0.83 25 24 16.9
1.3 9 10�1 (10�1) 0.63 25 50 20.5
8.3 9 100 (101) 0.65 32 70 23.4

SFE values obtained out of Fig. 9.

Fig. 10—Md temperature determination. Yield strength plotted as
function of temperature for specimens tested at quasi-static
condition, 10�4 s�1.
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quasi-static to low-dynamic regime in three levels of
strain rate: 4.7 9 10�4, 1.3 9 10�1, and 8.3 9 100 s�1.
Within this loading range, yield stress increases with
strain rate, tensile strength decreases with strain rate,
and ductility increases for both uniform elongation, Ag,
and elongation to rupture, A. The higher work harden-
ing at the quasi-static condition is attributed to a
two-stage transformation mechanism, c fi e fi a¢,
which develops isothermally and is verified by XRD
and TEM analysis. This finding is in accordance with a
calculated SFE value of 16.9 mJ/m2, using the CAL-
PHAD method.

For the higher strain rates, 1.3 9 10�1 and
8.3 9 100 s�1, the temperature rise due to adiabatic
heating is high enough to shift the SFE above 18 mJ/m2

and consequently introduce the alloy into a mixed zone
where both TRIP/TWIP mechanisms can occur. This
shifting in the deformation mechanism is supported by
lower slopes in the tensile curves and higher amounts of
untransformed austenite. The additional presence of the
TWIP effect is responsible of the higher ductility of the
alloy at higher strain rates. The temperature rise in the
specimen, during mechanical testing, overcomes the Md
temperature of the alloy. The complex interplay between
temperature, strain rate, and SFE on the TRIP, TWIP,
and other hardening mechanisms highlights the need of
controlling Md temperature in the design of this kind of
alloys.

Finally, the EAC of the alloy is reduced by only a
3.6 pct in the mentioned strain rate regime.
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5. G. Frommeyer, U. Brüx, and P. Neumann: ISIJ Int., 2003, vol. 43,
pp. 438–46.

6. A. Sato, K. Soma, and T. Mori: Acta Metall., 1982, vol. 30,
pp. 1901–07.

7. M.C. Mcgrath, D.C. Van Aken, N.I. Medvedeva, and J.E. Med-
vedeva: Metall. Mater. Trans. A, 2013, vol. 44A, pp. 4634–43.

8. H. Ding, H. Ding, D. Song, Z. Tang, and P. Yang: Mater. Sci.
Eng. A, 2011, vol. 528, pp. 868–73.
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