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Abstract

We study the mechanical behavior of nanoporous gold under uniaxial compression and strain rates in the range of 10’-10° s~ using
molecular dynamics simulations. We consider the low-porosity regime (porosity of ~5%), which is characterized by several stages of plas-
tic deformation. At the onset of plasticity, pores act as if isolated by emitting “shear” dislocation loops. At higher deformations, the
mechanical response is determined by the interactions between dislocations in the dense dislocation forest, leading to strain hardening.
Increasing the strain rate results in an increasing flow stress ranging from 0.4 to 0.7 GPa within the range of applied strain rates. The von
Mises stress oy in the hardening regime features two possible power-law dependencies as a function of dislocation density p,: in the
initial stages of plastic deformation we obtained avy o< p3, but changes to Taylor hardening ayy o p}/ Z at higher dislocation densities.
The velocity of dislocations is estimated to be ~60% of the speed of sound in the early stages of plastic deformation, but later decreases
dramatically due to dislocation—dislocation and dislocation—pore interactions. The unloading of the complex dislocation and stacking
fault network leads to the production of vacancies. As a result, we propose that the vacancy clusters observed experimentally in recovered
samples and attributed to “dislocation-free” plasticity are instead due to the aggregation of those vacancies left behind during recovery.
© 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

The mechanical behavior of nanomaterials can be signif-
icantly superior to the behavior of conventional materials
in several important ways. For instance, the reduction of
the grain size in polycrystals results both in ultrastrong
materials [1,2] and increased radiation resistance [3]. Alter-
natively, the addition of nanoscale defects such as nanotw-
ins [4] can substantially increase ductility without affecting
strength. Nanoporous materials [5] are a different class of
nanostructured materials which feature a large variety of
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properties that can be exploited in different fields of science
and engineering. Their reduced weight but enhanced
strength and ductility are of great interest in aerospace
and automotive applications, while their high surface-to-
volume ratio makes them ideal for catalysis or energy stor-
age [6]. Additionally, the radiation resistance of nanofoams
can potentially be enhanced because nanopores may act as
efficient sinks for radiation-induced defects [7]. New path-
ways to design more efficient nuclear fuels may be imple-
mented with nanopores, considering that conventional
fuels typically become open-cell foams with relative densi-
ties of 70% due to the insolubility of fission gases in the
matrix.

Most of the current experiments studying mechanical
properties of metallic nanofoams involve nanoindentation
and quasistatic deformation [5,8,9]. However, some
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potential applications, such as impact shields, require
understanding the behavior at high strain rates. Such
experiments typically include in situ diagnostics limited to
wave velocity or stress profiles, showing delays related to
pore collapse [10,11]. The increasing availability of high-
intensity, ultrafast X-ray sources opens the possibility for
novel studies by looking at in situ plastic deformation
[12-14], but we are not aware of such experiments in nano-
porous materials to date. We also note that porosity makes
the preparation of pre- or post-loaded (recovered) samples
for electron microscopy very challenging.

The role of continuum and atomistic simulations is cru-
cial both to help understand and plan future experiments
and to access regimes that are currently inaccessible exper-
imentally. The validity of continuum models that include
porosity [15,16] at the nanoscale is, however, not yet clear.
In Gurson’s original model [15], the yield criteria is void-
size independent and is only a function of porosity. This
is in disagreement with more detailed atomistic simulations
of void growth in both face-centered cubic (fcc) [17,18] and
body-centered cubic (bec) [19] metals, which showed that
yielding in the nanoscale regime strongly depends on void
size. The modified Gurson model [16] incorporates a
Taylor dislocation model to account for the void-size effect
on yielding, but its validity still needs to be examined for
nanoporosity.

Atomistic simulations play a twofold role. Not only can
they provide unique insights of the processes occurring at
the nanoscale, but they can also help produce new consti-
tutive models valid at the microscale for large length-scale
simulations, as demonstrated in Ref. [17]. In particular,
molecular dynamics (MD) simulations allow study of the
time-evolution of a large number of atoms using empirical
potentials in order to obtain detailed information about
deformation, stress, temperature, etc. Consequently, MD
simulations are ideal for the study of nanoscale defects
such as nanopores.

Relatively few studies of nanoporous materials using MD
are available. Erhart et al. [11] studied the compression of
nanoporous Cu and Al, with porosities of up to 20%. Nano-
porous foams with porosities larger than 50% (similar to the
ones obtained by dealloying) have been studied by Crowson
et al. [20,21], Gyulassi et al. [22], and Kolluri and Dem-
kowikcz [23]. Other recent simulations of high-porosity gold
nanofoams also find several remarkable features, such as
expansion under tension [24]. Studies of void interactions
and coalescence of nanoporous silica glass under hydrostatic
tension were performed by Chen et al. [25]. Additionally, the
deformation and growth of voids has been studied in several
papers [17-19,26], yet it is still debated whether such growth
is due to dislocation nucleation [26].

In the present work we study the mechanical behavior of
nanoporous gold under high strain rates and uniaxial com-
pression, and builds on previous work on plastic deforma-
tion induced by a single void in fcc materials [27,28] and a
recent brief study for nanoporous bce tantalum [29]. Here,
we consider a regime characterized by relatively small

porosity (~5%) so that pores and their interactions mainly
determine the mechanical response. Such low porosities are
found in samples with radiation damage [10] or in the early
stages of plastic failure, as in samples with pre-spall [11].
Our regime is different from previous high-porosity simula-
tions [20-23] in which the mechanical response is qualita-
tively described as the collapse or fracture of nanopillars
in a reticular type of structure, as described below.

The outline of the paper is as follows: in Section 2, we
provide a general qualitative description of the different
regimes of the mechanical response of a nanoporous solid.
In Section 3, we describe the details of the MD simulation.
In Section 4, we present the results of the simulations, and
discuss the activation mechanism of plastic deformation,
dislocation dynamics, strain-rate effects, and comparison
with experimental results. In Section 5 we present a sum-
mary of the results and the conclusions.

2. Porosity regimes in the mechanical behavior of
nanoporous materials

A nanoporous material can be qualitatively described by
its mean pore radius r and the mean inter-pore distance d.
It is important to note that the mechanical response will be
intrinsically different depending on the level of porosity, or
more quantitatively, on d/r. We identify four possible sce-
narios for the mechanical response:

(1) Perfect crystal (» — 0): in this case there are no favor-
able points for the production of dislocations, which are
produced by homogeneous nucleation [30].

(i1) Isolated pores (d/r > 10): this regime was studied for
different systems, both for traction as well as compression
[27,31-33]. In Ref. [28] it was found that vacancy clusters
with up to ~10 vacancies behave similarly to the perfect
crystal case at high strain rates. For a larger pore size,
the flow stress decreases as gy o< ! at the nanoscale,
reaching a nearly constant value for microscopic radii.
(iii) Interacting pores (2 < d/r < 10): in this regime, the
initiation of plastic deformation occurs similarly to the
isolated pore case, but with a slightly lowered yield stress
due to the long-range stress field of the pores. The
important difference with regime (ii) is that dislocations
from one pore interact strongly with the dislocations
from other pores when they travel a distance equal to
~ (d/2 —r), leading to a second stage of plastic defor-
mation which is characterized by dislocation reactions
and formation of dislocation junctions.

(iv) Low-density materials (nanofoams, d/r = 2): in this
case, the filaments behave as nanopilars and the disloca-
tion nucleation and evolution is heavily dependent on
their size and structure [34]. There are many simulations
of nanopillars [5,34,35], but the mechanical behavior of
nanofoams will be greatly influenced by nanopilar junc-
tions and possible pre-existing defects [24], especially if
there are grains which can lead to grain-boundary
sliding.
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These scenarios would apply to nanoporous solids inde-
pendently of atomic structure details. In this work, we
focus on scenario (iii) for an fcc crystal, which although
sharing some qualitative features with the mechanical
response of a bcc crystal [29], differs significantly in the
resulting microstructure, as discussed in the following sec-
tions. We also explore other aspects of the dislocation
activity, including mobile dislocation estimates.

3. Simulation details

We consider a cubic gold single crystal (fcc structure
with lattice parameter ay = 0.408 nm) containing spherical
pores of radius 10 ay. The pores are distributed randomly
without superposition, as shown in Fig. 1. The sample used
was of size 100ay x 100ay x 100a,, with 10 pores and a
total of 3.8 million atoms. The minimum void-to-void dis-
tance is dpi, = 11.8 nm (filament of size 3.6 nm), while the
average distance is d ~ 17.7 nm. We used the embedded
atom method (EAM) potential for Au [36,37], which has
been already used for simulations of nanofoams [21,23].
The initial temperature of the sample was of 10 K, with
periodic boundary conditions in every direction to model
an infinite solid. The low initial temperature is chosen to
simplify defect detection, but simulations at room temper-
ature show the same features.

Uniaxial strain deformation was applied in the [001]
direction, leaving all other directions without deformation.
We used a wide range of strain rates, from 107 to 10° s~ '.
These strain rates and strain modes are representative of
shock experiments [38], where strain in the direction per-
pendicular to loading can be neglected during the early
stages of deformation.

In the following, we quantify shear stress using the von
Mises stress, defined as:

/3
oyMm = Esijsija sij = 01 — oudy;/3, (D

Fig. 1. Nanoporous sample used in the simulations. Only atoms located at
the surface of the pores are visible.

where the stress tensor o; is obtained from the MD
simulations.

4. Results
4.1. Activation mechanism for plastic deformation

Useful insights about the mechanical response of nano-
foams can be obtained if the evolution of a system with an
isolated pore is compared with the evolution of a system
with multiple pores. We consider the response of each case
at a strain rate of 10° s~ in the [00 1] direction. The stress—
strain curves are plotted in Fig. 2(a), where the case of a
defect-free crystal is also included for comparison. In the
perfect crystal case, there is no emission of dislocations
from pre-existing defects. Adding a void into the sample
results in the material yielding due to dislocation emission
from that void. If the number of dislocation sources (voids)
is increased, the material can yield at an even lower stress.

Nucleation occurs at a strain of 2.5% and a von Mises
stress of 0.6 and 0.5 GPa for the single void and 10 void
sample, respectively, as shown in Fig. 2(a). The similar
yield strain between both cases is an indication that pores
behave almost independently when plastic deformation
begins. The stress level required for dislocation nucleation
in gold is lower than for bcc crystals (3—4 GPa for Ta [29])
due to the much higher lattice resistance of the bce struc-
ture (higher shear modulus, higher generalized stacking
fault energies).

The Gibson—Ashby formalism for yielding in open-cell
foams can be used for low-density nanoporous Au by con-
sidering a size-dependent strength of the nanopillars in the
foam [24,39]. In our case, such formalism is not valid given
the high density (small porosity) of the sample.
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Fig. 2. (a) Stress—strain curves for three samples with: no pores, a single
pore and 10 pores. Geometry of the 2-D Wu-Markenscoff model for the
stress amplification due to two holes of equal radius r and separated by a
distance dy, and under a stress field g, (b) parallel or (c) perpendicular to
the intervoid direction.



70 J.F. Rodriguez-Nieva et al. | Acta Materialia 80 (2014) 67-76

Alternatively, an estimation of the singular stress amplifi-
cation due to two neighboring voids can be calculated with
the aid of the Wu—Markenscoff model [40]. This 2-D model
considers the singular stress amplification between two
holes of equal radius and, despite being a 2-D analysis, it
allows a first-order estimate of the stress amplification.
The simplest formulation for uniaxial loading considering

two neighboring holes yields a maximum stress
amplification:
1.94 . V2 )
Omax ~ Oc0)
\/d0/2r 2\/6[0/27"

where o, is the stress at an infinite distance from the holes,
r 1s the hole radius, and dy = d — 2r is the distance between
the edges of the holes. The minus sign corresponds to the
hole centers aligned with the axis of loading (Fig. 2(b))
and the plus sign corresponds to the perpendicular align-
ment (Fig. 2(c)). Here, we set dy~ 10.0nm and
r ~ 4.0 nm, and obtain o, ~ 1.16,, for longitudinal ten-
sion and o, ~ 2.40, for transverse tension. In the case
of a set of voids randomly distributed within the sample,
we can assume that the amplification falls in between.
The ratio between the (remote) dislocation nucleating stres-
ses for the single void o}, and the 10 void configuration a1,
obtained from the MD simulations (Fig. 2) is given by

1. 0.6GPa
010y B 0.5 GPa

and is consistent with the Wu-Markenscoff model. Thus,
the relatively small distance between voids amplifies the
local stress and decreases the far-field stress required for
dislocation loop emission.

1.2, (3)

4.2. Dislocation evolution

In order to quantify plastic activity, we applied the cen-
trosymmetry parameter (csp) [41] filter to obtain the dislo-
cation densities. We first extract the atoms from partial
dislocations using filter values of 4.0 < csp < 6.5. The dis-
location density was then calculated as in previous work
[13,42]

ps = Ns/(AV), (4)

where N is the number of atoms in the dislocations accord-
ing to the csp filter, s is the distance between those atoms
(s ~ ap) and V is the volume of the sample. The parameter
A takes into account how many atoms are in the disloca-
tion core according to the filter used [42]. Since the csp
gives two planes of atoms for a single partial dislocation,
then 4 = 2. The dislocation densities for the samples with
1 and 10 voids are shown in Fig. 3. Initially, the sample
with 10 voids has a dislocation density an order of magni-
tude higher than the single void sample. This serves as an
additional confirmation that voids behave independently
at the initiation of plastic deformation. At higher strains,
however, this difference is no longer observed due to the
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Fig. 3. The dislocation density p, as a function of strain ¢ for a sample
with a single pore, and a sample with 10 pores.

fact that the simulation box is completely filled with dislo-
cations accommodating the same external strain.

The evolution of dislocations is shown in Figs. 4 and 5
for an isolated pore and for multiple random pores, respec-
tively. In the single-pore sample, dislocations are able to
move independently for longer times due to the lack of
obstacles. In the sample with multiple voids, dislocations
evolve in a similar fashion at the beginning of plastic defor-
mation, but quickly start to interact with other dislocations
and pores.

Dislocation emission from individual voids happens as
described in detail for fcc Cu [13,17,43]: incomplete shear

Fig. 4. Creation of dislocations from a single pore of radius 4 nm in a gold
crystal: (a) ¢ = 2.5%, (b) ¢ = 2.8%, (c) ¢ = 3.3% for two different ranges of
the centrosymmetry parameter (csp), to show stacking faults and surfaces
(left column), or partial dislocations (right column).
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Fig. 5. Creation of dislocations from multiple 4 nm pores: (a) ¢ = 2.5%,
(b) e =2.8%, (c) e = 3.3% for two different ranges of csp, to show stacking
faults and surfaces (left column), or partial dislocations (right column).
Before the dislocations begin to interact, the behavior is qualitatively
similar to that of Fig. 4.

loops, consisting of partial dislocations ahead of stacking
faults (SFs), are emitted on all four {111} planes, and
remain attached to the void surfaces in order to allow the
voids to collapse [44,45]. At large strains, the box contains
a forest of partial dislocations, together with few full dislo-
cations (leading and trailing partial dislocations with a
stacking fault between them). This is in contrast with bce
nanoporous solids, where there are neither partial disloca-
tions nor stacking faults, but a forest consisting mostly of
screw dislocations [29].

We applied the Dislocation eXtraction Algorithm
(DXA) [46] to the sample with 10 voids at different strains.
The DXA analysis on the nucleated dislocations at 2.5%
strain reveals that all of them are Shockley partials, with
their Burgers vectors as expected for fcc materials [17].
These partials are typically leading partials bounding an
intrinsic stacking fault, with stacking sequence ABCA-
CABQC, in all available {111} planes. The DXA analysis
on the dislocations at 3.3% strain reveals multiple disloca-
tion junctions: 77% of dislocations are Shockley partials,
13% are stair-rod dislocations due to dislocation junctions

[17,47], and less than 1% are perfect fcc dislocations (with a
SF ribbon separating two partial dislocations). The
remaining ~ 9% of dislocations could not be identified as
standard fcc dislocations likely due to immense local
strains which makes a Burgers circuit construction difficult.
Fig. 6 shows a snapshot analyzed with DXA. In agreement
with previous studies for a single void in fcc metals [17,47],
prismatic loop formation is not observed [44,45].

Due to the low SF energy of Au, samples might readily
twin [48,49]. We do not observe twinning in our simula-
tions, but it might occur at longer times or for dislocation
sources different from the voids used here.

Plastic activity leads to pore collapse in relatively short
time scales, indicating qualitatively similar behavior to
what has been shown for Cu crystals [17]. In our simula-
tions for a strain rate of 10°s™!, void volume has been
reduced by 80% at 6% strain, with total void closure by
7% strain. Pore collapse can be related to the density of
geometrically necessary dislocations (GNDs) needed to
transport vacancies away from the voids. Using the same
model as Traiviratana et al. [17], we can assume an exten-
sion of the plastic regions around the voids equal to half
the distance among voids, d/2, and  use
k=d/2r =8.8/4.0 =22, where k is the extension ratio
of the loop from its original value. This gives a GND den-
sity of 3.5 x 10'° /m?. The strain at which the plastic zones
extend nearly halfway towards neighboring voids occurs at
3% (Fig. 5 snapshots). At this point, the dislocation densi-
ties are ~ 10'7/m?, which is somewhat larger than the ana-
lytical estimate above. Therefore, the dislocation density
we find is sufficient to cause pore collapse without contri-
butions from diffusive processes.

Fig. 6. The Dislocation eXtraction Algorithm (DXA) [46] analysis on the
dislocations at 3.3% strain for the sample with 10 pores reveals that most
dislocations are partials (thick blue lines), bounding intrinsic stacking
faults (translucent pink surfaces). Void surfaces are indicated in blue. (For
interpretation of the references to colour in this figure legend, the reader is
referred to the web version of this article.)
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4.3. Velocity of dislocations

Several studies have focused on dislocation dynamics in
copper [50,51], aluminium, nickel and Al-Mg alloys [52] as
well as dislocation drag and inertia in nickel [53,54]. The
behavior of dislocations with shear stress is complex and
we do not intend to reproduce these detailed studies on dis-
location velocities. However, using our results we can
determine the dislocation speed v; in Au as a function of
stress as:

d de
_d de 5
YT oA dr’ (5)

where Ae = énara — &p1, With &y is the strain where plastic
deformation begins and &p,q is the deformation at which
hardening begins. For Ae, we use values at different strain
rates and we take an average stress in the plateau of plastic
deformation (see Fig. 9 below). The velocity v, of the dis-
locations as a function of the von Mises stress is plotted
in Fig. 7, and shows a velocity approximately linear with
tension as is usually assumed in the viscous phonon drag
regime [52], where v, = (b/B)o, and B is the drag coeffi-
cient. We obtain B ~ 1.5 x 107 Pa's, which has similar
values to the ones obtained in simulations of other fcc met-
als [50,52]. These velocities calculated above are effective
velocities for the whole sample.

Alternatively, by tracking the coordinates of the disloca-
tions in the simulations, we can also obtain dislocation
velocities. We observe an initial velocity of ~2kms ',
which is close to the Rayleigh speed in Au and near the
maximum velocity for subsonic dislocations. In this case,
the leading partial dislocations would move faster than a
full dislocation where the trailing partial would provide
additional drag forces. After a short time, dislocation
velocities decrease about one order of magnitude given that
they form a network with multiple sessile junctions. Plastic
heating increases the temperature of the sample by ~100 K.
This is enough to increase dislocation mobility [54], but
would not modify greatly the nucleation stress of disloca-
tions from surfaces of voids [55].
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Fig. 7. Velocity of the dislocations as a function of the von Mises stress
for the sample with 10 voids. Here, » denotes Burgers vector, ¢y is the
Rayleigh velocity, and B is the drag coefficient [50,52].

4.4. Mobile dislocation density

The amount of plastic work is an important quantity to
be evaluated in our nanoporous sample. The kinematic
relationship between the plastic strain rate (in terms of
the mobile dislocation density p),) and the mean distance
traveled by a dislocation is given by [56]

é:bUpMa (6)

where b is the Burgers vector (b = a/2v/2 = 0.288 nm at
room conditions, a being the Au lattice constant) and v is
the average dislocation velocity.

Recently, Higginbotham et al. [57] found that plastic
heating can be described accurately by simple equations
even at very high strain rates, provided the stress and tem-
perature history are known. Based on Ref. [57], the temper-
ature rise d7 associated with plastic deformation is:

_ P
dT = C ode, (7)

where C is the heat capacity, o(¢) is the time-dependent
shear stress, and f is an empirical parameter that represents
the fraction of rate of plastic work dissipated as heat [58].
Taking the time derivative of Eq. (7) and inserting into Eq.
(6), we then obtain:

__Cp dr
M= S g ®

Eq. (8) can also be derived [57] for a material with a well-
defined compliance, and with a single dislocation dipole
subjected to rapid shear strain. The results of Higginbo-
tham et al. were obtained for a set of conditions not
entirely met in our study, and therefore we emphasize that
the methodology as applied here only provides a rough
approximation for the mobile dislocations.

Fig. 8 shows the mobile dislocation density results, using
an average dislocation velocity of 2kms™'. As expected
from the snapshots in Fig. 5, the total density and the
mobile density are close to each other at the initiation of
plastic activity. However, the rapid formation of junctions
leads to a decrease in mobile dislocations with respect to
the total number of dislocations, with a difference of over
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Fig. 8. Mobile and total dislocation densities as a function of strain, using
the model of Higginbotham [57].
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one order of magnitude at large strains. This is also consis-
tent with previous results [13,42], which showed that
mobile dislocations are diminished once large dislocation
densities are produced by homogeneous nucleation, result-
ing in the formation of dislocation junctions.

4.5. Strain-rate effects and the hardening regime

Using non-equilibrium atomistic simulations, we are
limited to high-strain-rate behavior. As shown in Fig. 9,
increasing the strain rate results in a higher yield strain
and yield stress because the material has less time to gener-
ate dislocations and relax the high stresses involved. It can
be seen that the sensitivity of the results with strain rate is
relatively small, as already shown for a single void in fcc Cu
[17].

At strain rates much lower than the ones studied here,
thermally activated processes will compete with the pro-
cesses described in this work, including thermally activated
climb and cross-slip, possibly leading to different final
microstructures. Due to the limitations of MD it is difficult
to reach lower strain rates and compare to constitutive
models which include strain-rate dependence like the
Hoge-Mukherjee (HM) [59], Steinberg-Lund [60] and
Preston-Tonks—Wallace (PTW) [61] models. One way to
test some aspects of these models would be to run our sim-
ulations at different temperatures, but this is beyond the
scope of the present paper.

The dislocation density for Au never decreases during
loading in our simulations (Fig. 10). For Ta, instead,
MD simulations show a decrease in the dislocation density
[29]. Such a decrease occurs because screw dislocations in
bce metals have compact cores that can cross-slip easily
and react with other screw dislocations in order to annihi-
late. In fcc metals, on the contrary, even full dislocations
still have extended cores (stacking fault bound by two par-
tials) and the cross-slip of a screw dislocation needs an
additional activation energy. Thus, accumulation of partial
dislocations will continue until saturation.

The von Mises stress oyy in the hardening regime fea-
tures two different power law dependencies as a function
of dislocation density p, (Fig. 11). In the initial stages of
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Fig. 9. Stress-strain curves for strain rates of de/dt = 107,10%,10° s~
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Fig. 10. Dislocation density p, as a function of strain ¢ for strain rates of
de/dt = 107,108,10° s7.
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Fig. 11. The von Mises stress as a function of dislocation density p, for
different strain rates. For the cases of de/dt = 10® and 10° s™', a power law

of p3 is calculated at the onset of plastic deformation, but it changes to

Taylor hardening p‘]/ ? once the dislocation forest develops.

plastic deformation, the power law is oym o p2, but later
becomes ayy x p}/ * as in the classic Taylor hardening
[62] regime. However, the prefactor in the resulting Taylor
hardening regime is slightly different. The often-used pre-
factor is given by aGb ~ 4 Pam, where « is a material-
dependent factor (o ~ 0.5) and G is the shear modulus,
while our simulations yield a pre-factor of 1.5 Pam. We
note that, in the initial stages of plasticity, Taylor harden-
ing is not expected, given that there is not a well-developed
dislocation forest. However, Fig. 5 shows a dense forest
already present at a 3% strain.

4.6. Connection to experiments

Kiritani and coworkers [63] have studied experimentally
the deformation of Au at high strain rates, up to 10°s™',
and found dislocation densities of ~ 2 x 10" m~? in recov-
ered samples. We are not aware of any other experimental
work in Au analyzing dislocation densities at higher strain
rates like the ones used here. Dynamic X-ray diffraction
can provide a way to measure how fast the plastic relaxa-
tion is and to estimate dislocation densities during loading
[13]. Dislocation densities are expected to increase with
strain rate, and the density in recovered samples of fcc met-
als is expected to decrease by a factor of 10-10° compared
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Fig. 12. (a) Pre-annealing and (b) post-annealing snapshots showing vacancy formation. Here, what seems to be the retraction of a partial dislocation
leads to the formation of three vacancies, indicated with arrows. This mechanism is repeated throughout the sample. Non-hollow stacking fault tetrahedra
(SFTs) survive the annealing process. (c) Vacancies (red dots) resulting from dislocation motion and reactions, which are present at the end of the
relaxation of our sample, will likely lead to the formation of SFTs, as observed experimentally in Au samples recovered after high-strain-rate deformation
[63]. (d) Intersection of SFs leads to a SFT. However, inside the SFT there are perfect fcc atoms, without vacancies, unlike what is usually observed in
radiation damage, where there is a vacancy cluster in the core of the SFT [66,67]. Color is proportional to the centrosymmetry parameter with different
color scales to emphasize certain defects. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this

article.)

with the density during loading [64]. Since we obtain densi-
ties of ~ 10" m~2 during loading at 10®s~!, a value of
~ 10" m™2 could be expected in recovered samples at
lower strain-rate loading.

Tawara et al. [63] also suggested that dislocation-free
plasticity and the generation of large number of vacancy
clusters might play a role in the deformation of Au at high
strain rates. In our simulations of single-crystal Au under
compression we do not observe any of those effects. On
the contrary, dislocation plasticity plays the main role in
the deformation of Au.

In order to roughly mimic long-term thermal recovery,
both thermal cycling and a zero-pressure barostat were
applied to the sample after unloading. The sample was
heated with a temperature ramp lasting 10 ps, until it
reached 700 K. It was kept at high temperature, well below
the melting temperature, for 10 ps, and then the tempera-
ture was ramped down to 10 K over 10 ps. This final con-
figuration was analyzed to identify the recovered
microstructure shown in Fig. 12. We observe a large
decrease in full and partial dislocation densities, together
with nearly one order of magnitude decrease in the SF den-
sity. This decrease is accompanied by the formation of

multiple vacancies and vacancy clusters, as shown in
Fig. 12(a) and (b) (from 51 individual vacancies prior to
recovery to 251 after recovery). These vacancies will likely
diffuse and join at long time scales, leading to SF tetrahe-
dra (SFTs) [65], as observed by Tawara et al. [63] (see
Fig. 12(c) and (d)). Therefore, we propose that the immense
concentration of SFTs observed experimentally in recov-
ered samples is likely a result of the fast unloading and
not of dislocation-free plasticity during loading. Future
multiscale studies including vacancy cluster diffusion might
be able to shed light into this issue.

5. Conclusions

We performed MD simulations of nanoporous gold
under high strain rates, similar to those achieved with
explosives and high-power lasers (the results should be sim-
ilar for other fcc materials with low stacking fault energy).
The mechanical behavior of the nanofoam is significantly
different from the behavior of materials with macroscopic
porosity, where plastic yielding is typically assumed to be
independent of pore size [15]. At the onset of plastic defor-
mation, we found a behavior in which pores behave as if
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they were isolated from each other. At higher deforma-
tions, due to the close proximity between pores, disloca-
tions from different sources start to interact.

The values of yield stress from the simulations were
found to be comparable to the ones found in the literature
for gold nanofoams [68] using nanoindentation. The flow
stress increased with strain rate within the range 0.4-
0.7 GPa. The shear stress in the hardening regime has a
power-law dependence with dislocation density: in the ini-
tial stages of plastic deformation the power is 2, and for
higher densities the power is 0.5, as in the Taylor hardening
regime.

The velocity of the dislocations was found to be elevated
(60% of the speed of sound), but is reduced dramatically
due to dislocation interactions once the dislocation forest
develops. Dislocation densities during loading might be
accessible to experiments, and we calculated the total dislo-
cation densities without distinguishing mobile dislocations
from sessile dislocations. Total densities (~ 10" m~?) were
significantly higher than densities found in recovered sam-
ples. This is not unexpected, and it has been already dis-
cussed for shock-loading simulations [64]. We also
proposed a simple estimate of mobile dislocation densities,
and found them to be one order of magnitude lower than
the total dislocation density. During the unloading process,
the dislocation and stacking fault densities were reduced
notably, leaving behind a large number of vacancy clusters.
The vacancy clusters can form larger clusters which can
collapse into SFTs, as observed by Kiritani and co-workers
[63].

The lack of length scales in the current formulation of
most continuum models dealing with porosity [15,16] ren-
ders the validity of such models questionable for their
application to nanostructured materials. This study raises
two issues which might be useful for the continuum scale
community: (a) the often-used Taylor hardening, used for
instance in the modified Gurson model [16], might not be
valid for dislocation hardening originating from nanoscale
porosity; and (b) the application of scale-free continuum
models for nanostructured materials [15,16] is of doubtful
validity and should be contrasted with results obtained
from atomistic simulations and experiments. In particular,
atomistic simulations provide unique insights in the under-
standing of plastic deformation of nanoporous materials,
shedding light on phenomena such as nano-enhanced
strength and ductility. Future constitutive models with
porosity have to include not only a density-dependent
yielding, but yielding which depends on pore size, pore dis-
tribution and strain rate.
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